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Abstract 
Most current creep resistant alloy design methods for Mg alloys aim at incremental strengthening of 
existing alloys such as AZ91 thorough addition of ternary and quaternary elements, or alternatively 
through RE’s additions. The most remarkable improvements has been through either Mg-Y or 
recently developed Mg-Gd-Y-Zr and Mg-Y-Nd-Zr alloys, although still below the strength of Mg-
Th alloys, which are being phase out due to Th’s radioactivity.  
Many micromechanisms proposed to account for the observed improvements in either hardness or 
creep strength of Mg alloys including solid solution and/or precipitation hardening, dynamic 
precipitation, solute dragging/solute clustering and more importantly atomic size controlled 
diffusivity more often than not are little more than ad-hoc, after-the-fact explanations, valid at best 
for the particular system under consideration. Hence, extrapolation to other alloy-systems is either 
not possible or contradictory. In practice, a feasible path for systematic, either precipitation-
hardened or creep-resistant Mg alloys, selection and design is still lacking. 
The aim of the present work was to use atomic level thermodynamical arguments that suggest that 
extending the athermal regime through short range order (SRO) is a most feasible path to increasing 
the creep strength of Mg alloys. Potential solutes were sorted out and ranked based on their 
tendency to developing SRO using the Miedema’s phenomenological scheme. The predictions were 
corroborated by experiments involving dilute binary alloys as well as through a collection of data 
from the literature. 
Monotonic compression and stress relaxation tests were carried out on specimens of 6 cast binary 
alloys with (at.%) 2.5 Al, 0.6 Sn, 2.2 Zn, 0.8 Gd, 1.3 Y and 0.9 Nd, and of a similarly cast AZ91D 
alloy for reference. The solute concentration in the binary alloys was kept deliberately low to limit 
precipitation hardening effects during the testing. Compression testing was carried out at 298K 
(25°C), 373K (100°C) and 453K (180°C) for all of the alloys and at 493K (220°C) and 523K 
(250°C) for the Gd, Y and Nd containing ones. Stress relaxation testing was done at 453K (180°C) 
at either a predetermined strain (0.05) or stress (150 MPa). 
The Mg-Al and the AZ91 alloys softened considerably above 373K (100°C), consistently with 
random solid solution by Al. The rest of the alloys exhibited increasing strength and reduced 
relaxation, in the order Sn, Zn, Nd, Gd and Y, an indication of a progressively extended athermal 
regime in the strength-temperature relationship of these alloys. The overall behaviour can be 
  
 
II 
 
accounted for through the respective solutes’ tendency to develop short range order, lowest for Al 
and highest for Y, Gd and Nd, in agreement with what the respective phase diagrams suggest.  
The relative tendency or lack of it, of most solutes to develop SRO rationalizes a number of 
observations in current multicomponent Mg alloys while it disputes the viability of several other 
micromechanisms often considered.  
The feasibility of strengthening HPDC Mg alloys through a combination of percolating eutectics 
and residual solute in solution, or, more generally, age hardenable alloys through either 
homogeneously nucleated, coherent with the Mg matrix, precipitates, or via internally ordered 
precipitates mimicking Mg-Th alloy system, is also considered by making parallels with either the 
Al-Zn or the Al-Cu alloy systems. Examples of these approaches were discussed using data from 
the literature, such as experiments on alloys combining Mn and Sc to introduce order in the soft Mn 
precipitates, or the use of Na to provide finely dispersed, homogeneously nucleated clusters with the 
aim of refining the subsequent precipitation in alloys such as Mg-Sn.  
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Introduction 
Despite a good combination of room temperature mechanical and physical properties, excellent die-
castability and, good corrosion resistance, the most commonly used Mg alloys, AZ and AM series, 
have restricted powertrain applications-where the most weight reduction is achievable- due to their 
low creep resistance. Several studies show that the poor elevated temperature performance of Mg-
Al based alloys could be attributed to the coarsening of the eutectic β-Mg17Al12 phase, with a low 
melting point of 437°C, as well as dynamic discontinuous precipitation of Mg17Al12 from the α-Mg 
matrix which leads to grain boundary sliding [1, 2]. 
A continued research effort led to several new creep resistant alloys based on either the 
reinforcement of grain boundaries with thermally stable intermetallic particles, or the strengthening 
of α-Mg matrix by solid solution or precipitation hardening [3]. In the case of Mg-Al based alloys, 
addition of elements such as Ca[4], Sr[5], RE[2], Si[1, 6] and Sb[1] with higher affinity to 
Aluminum, suppresses the formation of Mg17Al12 phase and facilitates the formation of thermally 
stable intermetallic phases, strengthening the grain boundaries and consequently decreasing the 
creep rate of the alloys. On the other hand, Zhu et al. [3] have reported that the main strengthening 
mechanism in die-cast Mg-RE binary alloys is solid solution strengthening of the α-Mg matrix. 
Solid solution strengthening of Mg alloys has been studied considering different solute- dislocation 
interactions. Akhtar and Teghtsoonian [7, 8] have reported that elastic and shear modulus 
interactions are the dominant strengthening mechanism in solid solution strengthening of dilute 
(less than 0.5 at.%) Mg-Zn alloys. In addition, chemical interaction has been introduced as the 
principle solid solution strengthening mechanism in Mg-Al (2.71 at.%) and Mg-Li [9]. Caceres and 
Blake[10] have also suggested that short range order (SRO) is the dominant strengthening 
mechanism in Mg-Zn concentrated alloys.  
A distinguishing feature of the Mg alloys’ field is that many micromechanisms proposed to account 
for the observed improvements in either hardness or creep strength more often than not are little 
more than ad-hoc, after-the-fact explanations, valid at best for the particular system under 
consideration. Hence, extrapolation to other alloy-systems is either not possible or contradictory. In 
practice, a feasible path for systematic, either precipitation-hardened or creep-resistant Mg alloys, 
selection and design is still lacking. 
The aim of the current research is to quantify the effect of solid solution strengthening, focused on 
SRO, on the creep behaviour of dilute binary Mg alloys. Atomic level thermodynamics, through the 
  
 
 
 
classical Miedema et al.’s [11-14] phenomenological scheme, is used to sort out solutes according 
to their expected strength of SRO behaviour during age hardening or to their potential effect on the 
extent of the athermal regime regarding creep. The scheme naturally suggests a rational approach to 
solute selection, hence, to alloy design, derived from the relevant binary phase diagrams.  
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Chapter 1 : Literature review 
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1.1 Creep in Pure Polycrystalline Magnesium  
The deformation mechanisms of pure polycrystalline magnesium at elevated temperatures have 
been investigated [15] over a stress and temperature range of 20-50MPa and 150-250°C, 
respectively, and typical creep curves have been observed, revealing a decelerating creep rate in 
primary stage and steady state secondary creep. Several studies [4, 15, 16] have also shown the 
typical three creep stages in high temperature deformation of Mg and Mg-Al based alloys. It is 
generally accepted [4, 15, 17] that the steady state secondary creep rate of magnesium and Mg-Al 
alloys in the stress (σ) and temperature (T) ranges of 20 to 40 MPa and 100°C to 250°C can be 
described by a power-law equation: 
  	 
                                                                    (1) 
where A, R, Q, and n are a material constant, the gas constant, the activation energy for creep, and 
the stress exponent. Figure 1.1 shows the creep curves for pure polycrystalline magnesium 
indicating that the creep rate is increased with an increase in either applied stress at a constant 
temperature or temperature under constant stress. Shi and Northwood [15] have measured the stress 
exponent and activation energy of 5.86 and 106 KJ/mol, respectively, and dislocation climb 
stemming from diffusion of vacancies has been suggested as the dominant rate controlling 
mechanism in the steady state creep[15]. 
 
           
 
Figure  1-1 creep strain vs time curves for pure polycrystalline magnesium. (a) T=200°C and 
applied stress σ=20-50MPa, (b) σ=35Mpa and T=150-250°C [15]. 
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Vagarali and Langdon [18] investigated the creep behaviour of polycrystalline magnesium, on a 
wider temperature range of 200-547°C. At lower temperatures (200-477°C), the activation energy 
for the creep was reported to be 135 KJ/mol which is consistent with the value for lattice self-
diffusion. In addition, the stress exponent of 5.2 and extensive basal slip confirm that the creep rate 
is controlled by dislocation climb. At higher temperature (above 477°C), stress exponent was 6 and 
activation energy for creep increased with stress, due to the activation of non-basal slip. The creep 
rate was controlled by the cross slip of dislocations from the basal to the prismatic planes [18]. 
Creep behaviour of pure Mg at different strain rates also showed a transition from dislocation climb 
at strain rates ≤ 10 -6 S -1 to cross-slip from the basal to prismatic planes at strain rates ≥ 10 -6 S -1 . 
It has been suggested that diffusion-controlled dislocation climb is the principle creep mechanism in 
AZ91 under 150-180°C and 40-100MPa [17] and in AM60 at 180°C and 20-60MPa [19]. Dargusch 
et al. [6] also concluded that at low stresses (n=2) grain boundary sliding was the rate controlling 
mechanism while, at high stresses (n=5) dislocation climb dominated the deformation mechanism in 
AZ91, AS21, and AE42 alloys. 
1.2 Creep of Solid Solution Alloys: 
The creep of solid solution alloys is generally divided into class M (metal type) and class A (alloy 
type). Data of the former indicates a five-power-law creep, same as pure metals, with a normal 
primary stage of creep, and formation of subgrain structure. In this class, dislocation climbing is the 
rate controlling mechanism. The creep behaviour of alloy-type solid solutions is attributed to a 
viscous drag process involving three-power-law with a brief Primary stage [20, 21] In concentrated 
alloys dislocations are uniformly distributed [18, 22]. Mohamed [23] suggested that alloys with a 
large elastic modulus tend to show metal-type behaviour while class A behaviour is usually 
observed in alloys with a large atomic misfit ratio.  
1.2.1 Creep of Class A (alloy type) 
The dominant deformation mechanism in alloy-type solid solutions is viscous glide of dislocations 
controlled by solute-dislocation interactions. Solute atoms and dislocations show several types of 
interactions including the segregation of solute atoms to the core of the moving dislocation (Cottrell 
and Jaswon interaction), the destruction of short range order by dislocation motion creating an 
interface of positive energy (Fisher interaction), and chemical interaction leading to the segregation 
of solute atoms to stacking faults (Suzuki interaction). Diffusion-controlled glide mechanism 
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becomes slower than climb and therefore creep is controlled by the viscous glide of dislocations 
[20, 22, 24].  
Of all the forms of solute-dislocation interactions, Cottrell and Jaswon interaction is the principle 
basis of different viscous-glide models. However, Mohamed [23] has suggested that the other 
interactions must be taken into consideration for a full account of the phenomenon. The solute 
dragging of dislocations has been formulated in different studies.  
1.2.2 Weertman’s Microcreep Theory: 
In Weertman theory dislocation loops are emitted by sources and sweep until the interaction with 
the stress field of loops on different slip planes stops them, resulting in formation of dislocation 
pile-ups. At the same time, dislocations on other slip planes are annihilated by climb of the pile up’s 
leading dislocations, generating new loops at the sources and leading to steady state creep [18, 20, 
22]. The dislocations motion takes place as sequential glide and climb processes, and the rate-
controlling mechanism is the slower of these two [18]. When the creep rate is controlled by 
dislocation glide, the creep rate is described by  
                                                     .  




                                                                  (2) 
where G is the shear modulus and A is an interaction parameter:  
                                                      

                                                                         (3) 
Where e, c, b, k, T, and D are the atom misfit parameter, the solute concentration, Burgers vector, 
Boltzmann’s constant, the absolute temperature and the chemical interdiffusivity, respectively. If 
equation 3 is substituted into equation 2 the creep rate becomes: 
                                       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                                                                (4)  
1.2.3 Takeuchi and Argon 
In this model, with many points in common with Weertman’s theory, Cottrell atmospheres are the 
retarding factor of dislocation motion. Since glide and climb occur sequentially, glide is the 
controlling step. The two theories differ in regards to the dislocation distribution. As soon as 
dislocation sources operate, emitted dislocations will disperse from their planes by climb, leading to 
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a homogenous distribution of dislocations [20, 25]. Takeuchi and Argon[25] suggested the 
following equation for steady state creep rate due to glide: 
  

" 




                                                              (5) 
1.2.4 Creep of Class M (metal type) 
The behaviour of class M indicates that the creep rate is controlled by a dislocation climb process. 
The creep curve exhibits an instantaneous strain after application of the load and normal primary 
creep stage. The steady state creep rate depends on the staking fault energy of the alloy. The steady 
state creep rate of many pure metals and solid solution alloys of class M can be described by:  
ε  A %&'() 

*
&
+
                                                                (6) 
where A is a dimensionless constant, D is the coefficient of self-diffusion, b is the Burgers vector, k 
is Boltzmann’s constant, T is the absolute temperature, σ is the applied stress, G is the shear 
modulus, and n is a constant approximately equal to 5. Increasing the solute concentration changes 
the creep behaviour of solid solution alloys from class M to class A. This transition also occurs 
when the stress is increased above a certain critical value [20, 21].  
1.3 Creep of Mg-based Solid Solution Alloys 
The creep curves of Mg-based solid solution alloys such as Mg-Al [16], Mg-Zn[26] , Mg-Y[27] and 
Mg-Nd [28] reveal the typical three stages of creep: a decelerating primary creep followed by 
steady-state creep taking the minimum creep rate, and finally accelerated creep towards rupture 
[29]. 
1.3.1 Creep in Mg-Al 
Aluminium increases the strength of the alloy by solution hardening mechanism [16] due to its large 
misfit. Several studies[16, 18] have shown that in Mg-Al solid solution alloys, creep is controlled 
by dislocation glide at low stresses whereas climb is the dominant mechanism at higher stresses, 
leading to the recovery of substructures. Even though the minimum creep rate of Mg-Al alloys 
decreases with increasing Al content at low stresses, the creep mechanism remains unchanged. At 
higher stresses and lower concentrations, dislocations are likely to escape from the solute 
atmosphere and the creep rate increases. Chino et al. [9] suggested that chemical interaction and 
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shear modulus effect account for the strengthening of Mg-at%2.71Al and Mg-0.036at%Ca solid 
solutions, respectively.  
1.3.2 Creep in Mg-Y 
Maruyama et al.[16] reported that solution hardening is the main strengthening mechanism in Mg-Y 
alloys, although forest-dislocation hardening and dynamic precipitation are also of great importance 
at higher Y contents. Operation of the non-basal slip system in supersaturated Mg-Y alloys at high 
temperatures leads to an increase in the critical stress for dislocation glide to pass through the forest 
dislocation and this effect is more pronounced at high Y contents [16, 27, 30]. Yttrium has been 
considered more effective than Al in strengthening Mg alloys at high temperature than Al, even 
though there is no considerable difference in size misfit of Y and of Al [27]. In Mg-Y solid 
solutions compared to Mg-Al, creep rate decreases by 3 orders of magnitude at a constant solute 
content [16]. 
1.3.3 Creep of Mg-Sn 
Formation of thermally stable Mg2Sn contributes to the strengthening of Mg-Sn alloys at both 
ambient and high temperature. The distribution of Mg2Sn at grain boundaries along with its easy 
precipitation at 560°C are the main factors in improving the alloy strength [31]. Liu et al. [32] have 
reported that increasing tin content improves the creep resistance of Mg-(1-10%)Sn. In addition, the 
indentation creep behaviour of Mg-10%Sn at 150°C was found to be better than that of AE42 and 
Mg-7%Sn, providing the same creep resistance as AE42[32]. More recently, Nayyeri and 
Mahmoudi [33] showed that the addition of up to 0.4% Sb improves the creep behaviour of the 
alloy. During creep deformation, matrix and grain boundary regions are strengthened due to the 
formation of thermally stable Mg3Sb2 and Mg2Sn phases. Dislocations movement is impeded by 
particles in the interior of the grains retarding dynamic recovery, while dynamic recrystallization is 
suppressed by stable phases at grain boundaries. Calcium has also been shown to have significant 
effect on creep resistance of Mg-5Sn. In this case, the decrease in secondary creep rate has been 
attributed to the formation of CaMgSn intermetallic phase. Surprisingly, binary Mg-Ca and Sn-Ca 
phases haven’t been reported in their study[31].Wei et al. [34] showed that the creep resistance of 
Mg-5Sn which is controlled by dislocation creep, increased significantly with the addition of 2% 
La. The formation of Mg-Sn-La phase in feather-shaped, rod-like, and massive morphologies in the 
grain boundaries which effectively inhibit the grain boundary sliding was reported to be the main 
contributing factors to the improvement of creep properties 
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1.4 Solid Solution Strengthening 
The critical resolved shear stress (CRSS) in solid solutions can be divided into two components 
,  ,- + ,∗                                                                 (7) 
where τi is the athermal component arising from long range stress fields and cannot be overcome 
with thermal energy. τ* is the thermally activated component of stress which is connected with 
short range obstacles and can be overcome with thermal energy[9, 35].  
According to Akhtar and Teghtsoonian [7] different solute-dislocation interactions can influence the 
athermal stress stemming from the long range stress fields. These interactions are as follows:  
• Chemical interaction 
• Short range order 
• Elastic interactions involving shear modulus effect and atomic size misfit 
• A change in dislocation density on the basal plane 
 
Seeger [36] has studied the temperature dependence of the flow stress in a number of pure metals 
(Ag, Cu, Au). The flow stress at temperatures below one-third of the melting point consist of the 
two above-mentioned components; thermal and athermal components. While at temperatures above 
one-third of melting point the entire flow stress is represented by the latter [36].  
The temperature dependence of flow stress in Ag-In solid solutions [37] is shown in Figure 1.2. The 
athermal flow stress model explains the general features of the Figure 1.2 [37, 38]. In the first stage 
(at temperatures lower than one-third of the melting temperature) the flow stress decreases when the 
temperature increases. The flow stress in this temperature range consists of a temperature dependent 
component and a temperature independent component which is called the plateau. At temperature 
ranges between two-third and one-third of the melting points, plateau stress is the main feature and 
is due to an athermal process involving solute-dislocation interactions. In the last stage (at 
temperatures above two-thirds of the melting temperature), the flow stress decreases rapidly with 
increasing temperature until it reaches the critical resolved shear stress of the pure metal. This 
behaviour can be attributed to an increase in the solute atoms mobility [37].  
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Figure  1-2. The temperature dependence of the flow stress of Ag-In binary alloys [37] 
 
Akhtar and Teghtsoonian [7] pointed out that increasing the temperature up to 330K reduces the 
CRSS of Mg and Mg-Zn single crystals. The thermally activated behaviour of Mg-Zn has been 
shown in Figure 1.3.  
 
Figure  1-3. Critical resolved shear stress vs. temperature for Mg-Zn alloy crystals[7]. 
 
  
 
9 
 
1.4.1 Short Range Order 
Short range order[39] forms in concentrated solid solutions at certain temperatures and changes the 
physical and mechanical properties of the alloy. From the thermodynamical point of view, large 
negative heat of mixing of solute and solvent atoms leads to arrangement of atoms of different type 
producing local ordering [40]. Considering the energy of nearest-neighbour atoms, atomic strength 
of A-B bond is higher than that of A-A or B-B bonds [24] which consequently, rules out the 
possibility of short range clustering. When the energy of mixing becomes increasingly positive, a 
solubility gap appears then a congruently solidifying alloy and finally a eutectic system. Figure 1.4 
shows changes in the phase diagram of alloys with increasingly positive heat of mixing [41]. 
 
 
Figure  1-4. Changes in the phase diagram from (a) to (d) with increasingly positive energy of 
mixing EM>0 [41] 
 
Deep eutectic in a phase diagram [41] indicates a tendency to form short range order. In the phase 
diagram of alloys forming intermetallic compounds, the negative heat of mixing leads to the 
formation of intermetallic phases from the melt in which the unlike nearest neighbour are 
energetically favourable. Changes in the phase diagram of alloys with increasingly negative heat of 
mixing are shown in Figure 1-5. 
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Figure  1-5. Changes in the phase diagram from (a) to (c) with increasingly negative energy of 
mixing EM<0 [41] 
 
Short range order hardening has been studied in Zr-Al solid solutions in the temperature range of 
20-502°C. In concentrated Zr-Al solid solutions with an aluminium concentration equal to or 
greater than 1.24 at%, significant strengthening is achieved due to short range order. The hardening 
effect of SRO is independent of temperature indicating that the thermal component of the flow 
stress remains unchanged while the athermal component increases [42]. 
The various possible strengthening mechanisms including Suzuki chemical locking; Guinier–
Preston (G-P zones) and short range order in concentrated Mg-Zn alloys, have been discussed by 
Cáceres and Blake [10]. They pointed out that Suzuki’s chemical locking of dislocations is unlikely 
to be significant as it’s more prevalent in dilute alloys[39, 43]. G-P zones which are known to 
produce a very large increase in the strength in other systems by a micromechanism in many 
regards similar to SRO[44], were also considered unlikely, as the formation of GP zones requires 
prolonged ageing [45] at temperatures between 70 and 100°C whereas their as-quenched Mg-Zn 
alloy samples showed only a very little increase in the hardness at room temperature [10]. Chun and 
Byrne [46] considered clustering of Zn atoms as the possible source of strengthening in their as-
quenched Mg-1.97at%Zn alloy based on the observed temperature dependence of the CRSS. 
However, based on thermodynamical considerations and TEM observations, the possibility of 
solute clustering was also ruled out [10]. 
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The Mg-Zn phase diagram (Figure 1.6) is characterised by an intermetallic with the structure of a 
Laves phase, MgZn2, forming from the melt which has a high melting point relative to the two 
bounding eutectics, indicating that its structure and composition are highly favoured energetically. 
The Mg-Zn phase diagram is typical of solutions with a large negative heat of mixing in which 
unlike nearest neighbours are energetically favourable, and in which SRO is established over a wide 
range of compositions[41]. Observations using diffuse X-ray scattering in Mg-In [47], Mg-Tb[48], 
Mg-Gd [49], Mg-Er [49] and Mg-Sn[50] alloys, whose phase diagrams closely resemble that of 
Mg-Zn have confirmed SRO in these alloys. Haasen [41] pointed out that the formation of a deep 
eutectic at ~30 at.%Zn alloy indicates a tendency to SRO or compound formation already in the 
melt in Mg-Zn alloys, a property used to produce a metallic glass with the composition Mg7Zn3. 
TEM study of precipitation in Mg-3 at.%Zn [51], showed that upon ageing of the supersaturated 
solid solution, precipitation is initiated by segregation of Zn atoms along the c-axis, leading to the 
formation of rod-like ordered regions perpendicular to the basal plane. Over time, these regions 
evolve into the transitional β'-MgZn2 phase, eventually transforming into the equilibrium 
compound MgZn. This sequence indicates again that the MgZn2 phase is highly favoured 
energetically, despite not being the equilibrium phase of the precipitation process. Eutectic 
decomposition of the Mg7Zn3 phase below 325°C leads to the formation of β'-MgZn2 phase which 
reveals the preference of the alloy to form an ordered structure at high temperature[10]. 
 
Figure  1-6 Mg-Zn phase diagram[41] 
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In alloys developing SRO the increase in the shear stress, ∆τs, can be calculated from the following 
equation [9, 10]: 
∆τ2  34√
678379:;
<=>)                                                    (8) 
 
where f is the solute concentration, k is Boltzmann’s constant, E is the interaction energy and a is 
the lattice parameter .Figure 1.7 shows the concentration dependence of proof stress in Mg-Zn 
alloys.  
 
Figure  1-7. The concentration dependence of yield strength in Mg-Zn alloys[10] 
 
1.4.2 Creep in Alloys with Short Range Order  
Creep resistance of superalloys is said to be improved by short-range order. Short range order 
occurs in Ni-20%Cr and improves the performance of the alloy at 600°C[40]. Moreover, short- 
range order decreases the creep rate of Ti-6Wt%Al [52]. Mohamed[23] concluded that Fisher 
interaction considerably contributes to the creep resistance of Ni-25%Fe, Ni-20%Fe, and Al-
10%Ag alloys. In Al-10%Ag and Al-10at%Zn, clustering rather than short range order has been 
  
 
13 
 
observed, however, the applicability of the Fisher interaction to clustering has been suggested by 
Mohamed [23]. 
Tiearney and Grant [24] have reported that even though the Cottrell solute atmosphere is the 
dominant strengthening mechanism in Ni-Mo, short range order significantly contributes to the 
creep resistance in concentrated alloys. The lower glide and climb rate in Ni-W alloys with less 
short range order than Ni-Mo, have been attributed to the lower diffusivity in this system [24]. 
1.5 Creep of intermetallics 
High melting temperature due to the strong bonding and long range order are the main contributing 
factors to high creep resistance of intermetallics. Long range order reduces the diffusion rate so that 
when dislocation climb is the rate controlling mechanism the creep rate is decreased. Also for 
viscous glide of dislocations, long range order is destroyed by dislocation motion leading to an 
increase in the dragging force [20]. Long range order acts as obstacles to the dislocation motion. 
fully lamellar TiAl have the highest creep properties among other morphologies. 
1.5.1 Secondary creep in FL TiAl 
The stress exponent increases from n=1, at low stresses, to n=10 at high stresses in a Ti-48Al-2Cr-
2Nb fully lamellar[20]. Figure 1-8 shows a minimum creep rate vs. stress plot for the alloy. 
 
Figure  1-8. Minimum strain rate vs. stress curve of a Ti-48Al-2Cr-2Nb fully lamellar alloy 
deformed at 760°C. 
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The increase in the stress exponent with increasing stress is attributed to changes in the creep 
mechanism from diffusional creep at low stresses, to dislocation climb at higher stresses. At stresses 
above 200MPa and temperatures more than 700°C, creep is controlled by dislocation climb while 
dislocation glide is the rate-controlling mechanism when the stress increases[20].  
The rate controlling creep mechanisms have been studied during secondary creep in a fully lamellae 
Ti-47Al-2Cr-2Nb alloy with a lamellar interface spacing of less than 300nm at low stresses[53]. It 
has been reported that at low stresses dislocation climb is less important. Grain boundary sliding as 
a possible deformation mechanism is being discarded due to the presence of interlocking grain 
boundaries. Dislocation slip by threading dislocations could not rationalize the creep strain in these 
alloys. Instead, it was proposed that the viscous glide of interfacial (Shockley) dislocations is the 
main deformation mechanism[53]. 
1.6 Increasing the Creep Strength of Mg-Al Alloys 
The low melting point of β-Mg17Al12 intermetallic accounts for the poor high temperature 
performance of Mg-Al alloys[1, 2, 54-57]. Several commercial alloys have been developed using 
elements such as Si, Ca, RE and Sr which form thermally stable intermetallics in order to reduce the 
volume fraction or prevent the formation of β-Mg17Al12 phase[5, 6, 58, 59].  
1.6.1 Creep of Mg-Al-Si 
Improved creep properties of Mg-Al-Si alloys are mainly attributed to the presence of high melting 
point Mg2Si particles[6, 58]. Likewise, a previous study[6] on die-cast AS21 and AM20 with 
approximately the same amount of α-Mg and β-Mg17Al12 indicated that the formation of Mg2Si 
improved creep resistance of AS21. Figure 1.9 shows the effect of Si on the creep behaviour of 
AM20 alloy tested at 150°C applied stress of 50MPa. 
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Figure  1-9. Creep curves of die-cast AM20 and AS21 (0.86wt pct Si) alloys[6]. 
By adding Si to AZ91, continuous precipitation is encouraged, suppressing discontinuous 
precipitation, which according to Dargush et al.[6], is detrimental to the alloy’s creep resistance. 
The morphology of the Mg2Si intermetallic phase has been found to be of great importance to both 
tensile and creep properties of Mg alloy [6]. Mg2Si with branched Chinese script morphology 
increases the creep resistance of the alloy by preventing grain boundary sliding [1, 6]. Nevertheless, 
the low yield strength and poor castability of AS21 have restricted its application. Effect of silicon 
additions on the creep behaviour of AM50 was investigated at 150°C and 100MPa [60]. Figure 1.10 
shows the effect of silicon on the creep behaviour of AM50 alloy.  
 
Figure  1-10. Effect of silicon content on the creep behaviour of AM50[60] 
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1.6.2 Creep of Mg-Al-RE 
The addition of rare earth elements effectively improves the creep properties of Mg alloys [2, 58, 
61]. However, solid solution strengthening is limited due to the low solid solubility of rare earth 
elements in Mg. Zhu et al. [3] have shown that in binary Mg-La, Mg-Ce and Mg-Nd alloys, 
increasing the alloy content reduces the minimum creep rate by reinforcing the grain boundaries 
with higher amount of intermetallics. Solid solution strengthening has been considered to be the 
main strengthening mechanism in these alloys [3]. In ternary Mg-Al-RE alloys formation of the 
high melting temperature intermetallics such as Al3RE and Al11RE depending on the Al/RE ratio, 
leads to an improvement in creep performance of the alloys.  
It has been reported that solid solution and precipitation hardening are the principle mechanisms 
increasing the creep resistance of Mg-2%Nd[28] .As the atomic size misfit of Nd in Mg is 13.8%, 
remarkable solid solution strengthening is achievable. At high temperatures, dynamic precipitation 
restricts dislocation movement, becoming the dominant strengthening mechanism [28]. 
1.6.3 Creep of Mg-Al-Sr 
Mg-Al-Sr alloys have been developed in various compositions, namely, AJ51, AJ52, AJ62, AJ52 
showed high creep resistance [5]. Sr addition to Mg-Al alloys has been shown to reduce or even 
prevent β phase formation. Instead, by Sr addition high melting temperature intermetallics form 
which are the main reason in improving the creep properties. The type of intermetallic (Al4Sr and 
Al3Mg13Sr) which forms in these alloys depends on the Al/Sr concentration ratio. At ratio below 
0.3, Al4Sr is the only intermetallic whereas Al3Mg13Sr appears at higher ratios[5]. Based on the 
values for activation energy Jing et al.[59] have suggested that dislocation climb and grain 
boundary sliding are responsible for creep mechanisms. Grain boundary sliding and grain boundary 
migration are inhibited due to the formation of continuous grain boundary networks [59].  
1.6.4 Creep of Mg-Al- Ca 
In Mg-Al-Ca systems, the type of the intermetallic phase is determined by the Ca/Al ratio. 
Thermally stable Al2Ca precipitates form when the Ca/Al ratio is below 0.8, while at ratios above 
0.8, Mg2Ca forms, in both cases at the grain boundaries. The crystallographic structure of both 
phases is hexagonal [59].Concentrations of less than 1% cause hot cracking, die-sticking and cold 
shuts; increasing Ca content up to 2% eliminates such problems[2]. Grain boundary sliding and 
dislocation creep are the creep mechanisms at low (<70 MPa) and high stresses (>70 MPa), 
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respectively. Improved creep resistance of the Mg-Al-Ca- alloys has been mainly attributed to the 
thermal stability and the interfacial coherency of the intermetallic phases which create a pinning 
effect at grain boundaries [4]. Simultaneous addition of Ca and Sr significantly improves the creep 
properties of AZ91. Adding Ca and Sr to ZA (Mg-Zn-Al) alloys also improved the creep resistance, 
due to a reduction in the rate of dislocation climb and modifications to the MgxZnyAlz phase [62].  
1.7 Miedema Scheme 
In 1970s a simple atomic model was developed by Miedema et al. [13, 14, 63] to formulate the 
enthalpy of mixing in binary metallic alloys. In their model, atomic cells of each atom in a binary 
system and in the pure elemental state are assumed to be similar. The first assumption in this model 
is that the volume of the atomic cells remain unchanged, however boundary condition between 
dissimilar cells changes, leading to a redistribution of electrons to achieve equilibrium in two steps. 
First, the discontinuity of electron density, nws, at the boundary of the Wigner-Seitz cells should be 
smoothed. A positive contribution,(∆nws 1/3)2, to the heat of formation, ∆H, arises by the elimination 
of electron mismatch. Next, difference in chemical potentials of the alloying elements leads to a 
charge transfer from the more electronegative element to the less electronegative one causing the 
atoms of each element to be compressed and expanded respectively. A negative contribution, 
(∆φ*)2, to the heat of formation stems from the equalization of the chemical potential which 
provides the driving force for alloying.  
Figure 1-11 reveals the two steps by which boundary condition reach equilibrium when to atoms of 
different cells are brought into contact. 
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Figure  1-11. Two steps in the energy of alloys formation.[64]. 
 
Miedema’s coordinates, nws1/3 and φ* are semi-empirical parameters [65, 66] obtained from 
experimental bulk modulus of the elements and from Pauling’s electronegativity respectively [14, 
65-67]. A linear correlation between Pauling’s electronegativity and work function has been 
reported[66]., 
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Figure  1-12. The linear correlation between Pauling’s electronegativity and work function[66]. 
 
It’s to be noted that size factor is not included in Miedema’s model though, it contributes to the heat 
of formation in amorphous alloys [65]. In liquid metals and intermetallic compounds size mismatch 
is not an important factor to cause elastic energy[12]. For liquid alloys and disordered solid 
solutions, the model predicts the same values of heat of mixing. However, ∆H for disordered solid 
solution is more positive associated with the size-mismatch energy. Likewise, ∆H is more negative 
in ordered solid solutions compared to liquid alloy. Brillouin- zone effect is also neglected in the 
model though it might be of importance in solid alloys[68]. Heat of formation of transition metals 
doesn’t depend on their crystal structure[11]. As a result accuracy of Miedema’s model is more 
reliable when applied to liquid than to solid systems [68]. To overcome these limitation ab-initio 
methods have been developed [69]. 
1.7.1 Alloys of two transition metals or two non-transition metals 
The sign and magnitude of the heat of formation for an equi-atomic compound can be calculated by 
addition of the two contributions [14, 63, 64, 67]: 
∆H = ?@8∆A∗9B+C8∆DEF3/9B 
Where, P and Q are constant for a given group of alloy system or equivalently Q/P= ± 9/4 for all 
alloying systems representing the slope of the line corresponded to ∆H=0. 
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The sign of ∆H can be predicted using the binary phase diagrams and equation 1. Interrmetallic 
compounds in a phase diagram represents the negative energy of formation. If there are no 
compounds in a binary system the enthalpy of formation is positive providing that, the mutual 
solubilities don’t exceed 10% [13, 14, 67].  
To predict the sign and magnitude of the enthalpy of mixing of a given host with other solutes a plot 
can be created using Miedema’s coordinates. The two perpendicular lines through the host separate 
metals that have a negative heat of alloying with the given host from metals with positive heat of 
formation with the host. The enthalpy of formation of any other host with solutes can be obtained 
by shifting the lines maintaining the same slope until they pass through the desired host [12]. Such 
plot has been created for Fe in [12], Mg in [67] and generic one in [70]. 
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2.1 Alloy composition 
Binary alloys with nominal composition listed in Table 5-1, were selected based on the phase 
diagrams and the soluts’ maximum solubility at 473K (200°C) in order to limit precipitation 
hardening effects during the mechanical testing. The alloys were prepared by melting commercially 
pure Mg, Zn, Al, Sn, Nd, Y and a Mg-Gd master alloy (2:3 Gd:Mg) in a steel crucible coated with 
boron nitride in an electric furnace under a protective atmosphere of SF6+CO2. 
The liquid metals were stirred mechanically for ~20 minutes to ensure the dissolution of the alloy 
components and subsequently poured at 1008-1023K (735-750°C) under an argon atmosphere into 
80 x 80 x 10 mm3 steel moulds preheated to 573K (300°C). Commercial AZ91D alloy was similarly 
cast for reference. Chemical composition analysis was done using an inductively coupled plasma 
atomic emission spectroscopy (ICP-AES). The actual compositions are listed in Table 5-1 
2.2 Solution Heat Treatment 
The cast plates were solution heat treated under Ar atmosphere as per the times and temperatures 
given in Table 2-1, and quenched into water. Samples for grain size measurement were polished 
following standard procedures and etched using an acetic–picric acid mixture [20 ml acetic acid, 3 g 
picric acid, 20 ml H2O and 50 ml Ethanol] for Mg-Zn and Nital [5% nitric acid and 95% ethanol] 
for the rest of the alloys. The linear intercept method in accordance with ASTM E112-88 was used 
to determine the grain size, counting not fewer than 200 boundaries (see Table 5-1).  
2.3 Mechanical Testing 
Compression testing was carried out using cylindrical specimens, 18 mm in height and 9 mm in 
diameter, on a screw-driven machine at 298K (25°C), 373K (100°C) and 453K (180°C) in a 
temperature controlled chamber. The more creep resistant solid solutions, namely, specimens 
containing Gd, Y and Nd, were also tested at 493K (220°C) and 523K (250°C). The crosshead 
speed was 0.016 mm/min for all the tests (initial strain rate = 1.5x10-5s-1). All tests were repeated at 
least 2 times. 
Stress relaxation tests were performed at 453K (180°C). The specimens were deformed at an 
applied crosshead speed of 0.2 mm/min (initial strain rate = 1.85x10-4 s-1) up to a predetermined 
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strain and stress, and the machine stopped allowing the stress to relax for 30 minutes for the less 
creep resistant alloys (Al, Zn and AZ91) or 60 minutes for the rest.  
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Mg Binary Alloys 
C.H. Cáceres, Saeideh Abaspour 
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Materials Engineering, School of Engineering 
The University of Queensland, QLD 4072, Australia 
 
Abstract 
Miedema’s coordinates are used to rank 4 model binary alloys considering the respective values of 
enthalpy of formation and the tendency to developing short range order (SRO) and intermetallic 
compounds. The terminal solid solubility generally increases whereas the tendency to order 
decreases with decreasing heat of formation, and hardening by near-random solid solution and 
precipitation is expected to be dominant for solutes with low tendency to order, such as Al. For 
solutes with an intermediate tendency to order, such as Zn, or to form compounds, such as Gd, SRO 
is predicted to dominate the hardening. For solutes, whose very large heat of formation leads to very 
high melting point intermetallics forming straight from the liquid, such as Sb, the terminal solid 
solubility is too low for any solute based hardening to be feasible. Implications for alloy design and 
selection regarding precipitation hardening and creep resistance are discussed. 
Keywords: Miedema’s Coordinates, Mg alloys, Precipitation Hardening; Short Range Order 
 
3.1 Introduction 
Magnesium’s locus on the group IIA manifests in highly attractive pairing with most other metals, 
i.e., the interaction energy of mixing is strongly negative. A strongly negative interaction energy 
normally [1] leads to a high melting point intermetallic bounded by two eutectics, of the type 
illustrated by Fig. 3-1(a), and to which many binary Mg alloys closely conform to. Cases in point 
are, in order of increasingly negative interaction energy, Mg-Al, Mg-Zn and Mg-Sb alloys. In the 
opposite case, i.e., strongly positive energy, limited solubility and a single eutectic is observed, as in 
Fig. 3-1(b). An example is Mg-Th. 
 
  
 
31 
 
When the interaction energy is negative, the ensuing tendency to pairing between unlike atoms in a 
solution of X atoms in Mg introduces an ordering effect in an otherwise random solid solution, with 
a pre-eminence of pairs Mg-X, in detriment of X-X or Mg-Mg pairs [2]. In a dilute alloy, the net 
result is the development of short range order (SRO), whereas in the concentrated ones it leads to 
compound formation. In some alloys SRO is observed already in the liquid, leading to highly 
viscous melts, and a propensity to form metallic glasses [1] (pp. 81–82). SRO has been confirmed 
by X-ray diffraction in a number of Mg-based solid solutions, namely: Mg-Sn, Mg-Gd, Mg-In and 
Mg-Er [3, 4], whereas indirect evidence has been presented for Mg-Zn [5] and Mg-Y [6, 7]. SRO 
has also been predicted from first principles and experimentally confirmed in liquid Mg-Zn [8]. The 
formation of SRO in a solid solution leads to increased hardening well above that of random solid 
solution [5, 9, 10]. For a metal like Mg whose alloys are reluctant to develop precipitation 
hardening [11-13], the development of SRO is an important alternative.  
 
 
(a)                                                                          (b) 
Figure  3-1.The phase diagrams for (a) highly negative and (b) highly positive interaction energy 
between solute and solvent 
Predicting the possibility of having SRO is immediate from a phase diagram like that of Fig. 3-1(a), 
but not all phase diagrams of Mg alloys are so amenable of interpretation even when the interaction 
energy with the solute is manifestly negative. This is the case of Mg-Gd, Mg-Y or Mg-Nd alloys, 
amongst others, which are characterized by a sequence of intermetallic compounds, some forming 
from the solid solution and some straight from the liquid. These intermetallics are often associated 
with particular size ratios between host and solute, i.e., the formation of intermetallic compounds at 
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given concentrations normally takes pre-eminence; the same applies for particular electron 
concentrations [2]. That is, electronegativity is not the only factor at play. 
The sign and magnitude of the enthalpy of mixing can be used to sort out alloys of a given host, Mg 
in this case, predicting, among other things, the relative solubility. These predictions can be made 
regardless of the details of the alloy’s phase diagram, i.e., regardless of whether it conforms to those 
of Fig. 3-1 or exhibits a complex sequence of compounds. This sorting method, developed on the 
principles laid out in the 1970’s by Miedema et al. [14-17] will be used in this work to anticipate 
which alloys are more amenable of developing either strong solid solution, precipitation, short 
range order or, in some extreme cases, no solute based hardening at all. A set of four model alloys 
will be used for the analysis: Mg-Al, Mg-Zn, Mg-Sb and Mg-Gd. The phase diagrams of the first 
three systems closely conform to that of Fig. 3-1(a), whereas the one for Mg-Gd exhibits a series of 
intermetallic compounds. 
3.2 Miedema’s cellular model 
Miedema et al.’s [14-18] phenomenological approach, in its simpler form involves only two 
parameters, and is valid for transition metals and the divalent metals such as Mg and Zn. It 
combines a work function, φ*, (closely related to Pauling’s electronegativity value), and the 
electron density at the boundary of the Wigner–Seitz (WS) cell, nJK3/. The approach enables 
calculating the enthalpy of formation of dilute solutions in the liquid state, predicting the sign and 
magnitude of the interaction, hence the relative tendency to form either ordered, random or 
immiscible solutions. Ab-initio and Calphad calculations normally reproduce closely Miedema et 
al.’s, providing the approach with strong independent support. A limitation often pointed out is its 
fundamentally isotropic nature, i.e., the method applies most accurately to metals in the liquid state, 
where size related elastic energy effects can be neglected. Further developments in the ab-initio 
methods enabled overcoming some of these limitations (e.g., see Zhang et al. [19]).  
The enthalpy of formation [16], ∆H, of a given alloy results from a negative contribution  from the 
difference between the host’s and solute’s work functions, measuring the main driving force either 
to form a solution or an intermetallic compound by charge transfer, and a positive contribution 
stemming from the need to smooth any discontinuity of the electron density at the boundary of the 
WS cell between solute and solvent.  
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Using values from [17, 20] (see Table 3-1), a diagram using Miedema’s coordinates was created for 
Mg in Fig. 3-2. The two perpendicular lines through Mg sort out solutes as follows: elements sitting 
right on the lines have no enthalpy of mixing with Mg; the upper (or “north) and lower, (or “south”) 
sectors identify solutes with a negative energy of mixing; those lying on the east or west sectors 
have a positive energy of mixing.  
Solutes located right on the lines are expected exhibit complete miscibility, those on the north or 
south sections alloy readily with the host and show a tendency to develop phase diagrams similar to 
that of Fig. 3-1(a), whereas diagrams for solutes on the east-west sections should form simple 
eutectics akin to that of Fig. 3-1(b). The correctness of these predictions can be easily verified for 
the solutes considered in this work, as well as for many others. 
 
Figure  3-2. Miedema plot for Mg with the work function, φ*, and the electronic density, n WS 1/3, as 
coordinates (see Table 3-1). 
Increasing values of φ* are associated with a tendency to develop SRO and an attendant decrease in 
the terminal solubility. (The later follows as well from the Hume-Rothery’s law involving 
electronegativity.) This illustrated in Fig. 3-3, where Al, with the smallest ∆H-value, has the largest 
terminal solubility, whereas Sb, with the largest one, exhibits virtually no solubility. 
 (
e
V
)
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3.3 Solid solution hardening 
In Fig. 3-4 the RT strength of Mg-Al, Mg-Zn and Mg-Gd is compared. The respective rate of the 
solid solution hardening correlates well with the alloys’ ∆H value, i.e., a rather weak hardening rate, 
consistent with a near random solid solution [7, 10], is observed for Al, whereas the much stronger 
hardening in Mg-Zn and Mg-Gd is consistent with a well-developed SRO [5]. 
 
 
Figure  3-3. The terminal solid solubility as a function the enthalpy of formation for the solutes 
studied 
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Figure  3-4. The strength of Mg-based solid solutions. Mg-Zn data from [88]; Mg-Al from [79] and 
Mg-Gd from [82]. 
 
3.4 Ranking of alloys 
A straightforward way of ranking the strength of Mg alloys within the north-south sectors of Fig. 
3.4, i.e., those with negative interaction energy, and regardless of whether the phase diagram 
conforms to that of Fig. 3-1(a) or not, can be easily developed based on the potential strength of the 
SRO. For a solute concentration c , the strength of the SRO, τSRO, can be assumed to obey the 
relationship [5]: 
τSRO ~ [∆H*c(1-c)]2.                                   (1) 
SRO is a typical athermal hardening mechanism, and alloys which develop it can be expected to be 
more creep resistant than those exhibiting only random solid solution [21, 22]. Thus, to make the 
ranking valid for predicting creep strength, and in order to prevent any precipitation hardening 
effects that might arise when testing a supersaturated solid solution at high temperature, the analysis 
was done for the respective solute solubilities at ~200oC. These c-values are listed in Table 3-2.  
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Table  3-1. Miedema’s coordinates values for Figures 3-2, 3-3 and 3-5 . 
 
Solute Al Zn Gd Sb 
φ* 4.2 4.1 3.2 4.4 
nWS
1/3
 1.39 1.32 1.21 1.26 
∆H -7 -13 -35.3 -74 
 
Table  3-2. Approximate solute solubilities (at.%) at 200oC for the alloys studied. 
 
Solute Al Zn Gd Sb 
c @ 
200oC 
2.5 1.5 1.0 0.05 
 
The ranking of the alloys as per Eq. 1 is shown in Fig. 3-5. Accordingly, the Mg-Al alloy are 
expected to exhibit the lowest strengthening by SRO, in this case due to its low ∆H-value. Zn and 
Gd containing alloys should exhibit increased strength due to the larger ∆H despite the somewhat 
reduced c. At the other end, for Mg-Sb the c-value drops to nearly zero, i.e., the alloy should exhibit 
no solute based strengthening despite its large ∆H. The latter is obviously an upper bound, as Mg-
Al is a lower bound. Other Mg alloy systems within the north-south sectors of Fig. 3-2 can be 
expected to fit in between these two bounds, with some systems exhibiting SRO strengths matching 
or surpassing that of Mg-Gd.  
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The alloys’ behavior at RT depicted in Fig. 3-4 is closely consistent with the ranking of Fig. 3-5. 
Regarding the creep behavior, Mg-Gd should exhibit a well-defined athermal behavior as expected 
from the strong SRO, whereas Mg-Al should not, and Mg-Zn should lie in between. Creep data 
confirming these predictions are presented in another session in this symposium [20]. 
 
 
Figure  3-5. .The predicted strength of the SRO (Eq. 1) versus the heat of formation for the alloys 
studied. 
 
Figures 3-3 and 3-5 allow making predictions concerning the feasibility of precipitation hardening. 
A strong tendency to order, as opposed to clustering, is expected to interfere with the homogeneous 
nucleation of small and finely distributed precipitates upon ageing of the supersaturated solid 
solution. The feasibility of developing strong precipitation hardening is thus expected to be opposite 
to the tendency to develop SRO. That is, alloys to the left of the maximum in Fig. 3-5 should be 
increasingly prone to exhibit precipitation hardening. Classical ageing experiments on Mg-Al and 
Mg-Zn support this assertion [20-22], i.e., of the alloys considered here Mg-Al exhibits the 
strongest response to ageing at intermediate temperatures. 
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3.5 Conclusions 
• Meidema et al.’s phenomenological approach has been used to rank the potential strength of 
four model Mg binary alloys considering the alloys’ enthalpy of mixing. 
 
• A maximum in the random solid solutions effects and precipitation hardening is predicted 
for solutes with low heat of formation, such as Al. 
 
• Solutes with an intermediate heat of formation, such as Zn or Gd, are expected to exhibit 
strong SRO. These alloys should exhibit maximum strength at high temperature as a result 
of an extended athermal stress range. 
 
• For extreme values of heat of formation, e.g., Mg-Sb alloys, the very limited terminal 
solubility implies negligible solute based hardening effects. 
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Abstract 
Specimens of cast Mg-0.8 at.%Gd, Mg-2.2 at.%Zn and Mg-2.5at.%Al alloys were tested in 
compression at an initial strain rate of ~1.5x10-5s-1 at room temperature and 180°C. The Mg-Zn 
alloy, and more so the Mg-Gd alloy, exhibited a largely athermal behaviour, in contrast with the 
Mg-Al alloy which softened considerably at the higher temperature. The athermal behaviour of the 
Zn- and Gd-containing alloys can be accounted for by their strong tendency to developing short 
range order. 
Keywords: Solid solution strengthening, Short Range Order, Mg Alloys, Creep 
 
4.1 Introduction 
A plot of the strength of a solid solution versus temperature normally takes the shape of Fig. 4-1. At 
low temperatures the strength decreases rapidly, whereas at intermediate temperatures it becomes 
virtually insensitive to temperature. The behaviour can be rationalised by dividing the strength into 
two components [1-3]: 
τ = τi + τ* 
where τi is the athermal component of the stress arising from long range stress fields and which 
cannot be overcome through thermal activation, and τ* is the thermally activated component 
connected with short range obstacles that can be overcome by thermal energy. At temperatures 
above two-thirds of the melting point the flow stress decreases rapidly again, approaching the 
critical resolved shear stress of the pure metal, a behaviour attributed to an increase in the mobility 
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of the solute atoms. The extent of the athermal regime determines the resistance to dislocation creep 
of any solid solution [4]. Ideally, the athermal regime should extend well past the service 
temperature of the alloy. 
 The strength of a solid solution is determined by a number of solute-dislocation interactions, 
among them [1-3, 5, 6]  
• Elastic interactions involving the shear modulus and atomic size misfit (random solid 
solution effects). These are considered short range interactions, i.e., amenable of thermal 
activation. 
• Short range order (SRO). This is a typical long range, i.e., athermal, hardening mechanism 
[7]. 
Random solid solution effects dominate the strength of Mg-Al [8]; SRO, in turn, has been 
confirmed by x-ray scattering Mg-In, Mg-Gd, Mg-Er and Mg-Sn [9-11], whereas theoretical and 
experimental evidence suggests that it is present in Mg-Zn alloys as well [8, 12]. On a parallel 
presentation in this symposium [13] thermodynamical arguments are used to rank Mg-based binary 
alloys considering their relative tendency to develop SRO. Taking Mg-Al, Mg-Zn and Mg-Gd as 
model alloys, it is predicted that Gd in solution should develop the strongest SRO, hence it should 
produce the most creep resistant alloy, followed by Zn and Al, in that order. The object of this paper 
is to present experimental evidence in support of those predictions.  
 
Figure  4-1. The temperature dependence of the flow strenght (schematic). 
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4.2 Experimental Details 
Castings with nominal compositions 1.5 at%Zn, 2.5 at%Al and 1 at% Gd were produced. The 
amount of solute for each alloy was set to approximately match the solubility at 200°C in order to 
limit precipitation hardening effects during the testing at the higher temperature. The actual 
compositions are listed in Table 4-1. 
Commercially pure Mg, Zn, Al and a Mg-Gd master alloy (2:3 Gd:Mg) were melted in steel 
crucibles coated with boron nitride in an electric furnace under a SF6+CO2 protective atmosphere. 
The liquids were stirred mechanically for 20 minutes to ensure the dissolution of the solute and 
subsequently poured at 735-750°C under an argon atmosphere into steel moulds of size 80 x 80 x 
10 mm3, preheated to 300°C. The cast plates were solution heat treated under Ar atmosphere as per 
the times and temperatures given in Table 4-1, and quenched into water. Compression tests were 
carried out on cylindrical specimens, 18 mm in height and 9 mm in diameter, on a screw driven 
machine at 25°C and 180°C in a temperature controlled chamber. The crosshead speed was 
0.016 mm/min for all the tests (initial strain rate = 1.5*10-5s-1).   
Table  4-1.Chemical composition of the alloys studied determined by inductively coupled plasma 
atomic emission spectroscopy (ICP-AES), and the respective grain sizes and solution heat treatment 
schedule. 
Alloy 
Solute  
(at.%) 
Grain size  
(µm) 
Time 
(h) 
Temperature 
(°C) 
Mg-1.5%Zn 2.2 123 4 470 
Mg-1%Gd 0.8 119 4 535 
Mg-2.5%Al - 129 10 413 
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4.3 Results  
Figures 4-2 to 4-4 show the deformation flow curves of Mg-2.5Al, Mg-2.2Zn and Mg-0.8Gd, 
respectively, at room and high temperature. Serrated flow was observed in Mg-Zn at room 
temperature (Fig. 4-3) and at 180°C in Mg-Gd (Fig .4-4). Figure 4-5 compares the alloys’ behaviour 
at room temperature and figure 4-6 at 180°C. 
 
 
Figure  4-2. Compressive flow curves of Mg-2.5Al 
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Figure  4-3. Compressive flow curves of Mg-2.2Zn 
 
 
Figure  4-4.Compression flow curves of Mg-0.8Gd 
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At room temperature all three alloys exhibited an extended linear hardening regime, which reached 
saturation at about 10 % strain. The saturation stress was largest in the Mg-Zn alloy. At 180°C the 
loss of strength was very limited in the Mg-Gd alloy, whereas it was extensive in the Mg-Al alloy. 
The Mg-Zn alloy exhibited a short linear hardening regime, saturating at a strength level which was 
matched by the Mg-Al alloy at large strains. Figure 4-7 compares the flow stress at 0.05 strain, 
showing that the behaviour of the Mg-Gd is nearly athermal, followed by Mg-Zn and Mg-Al, in that 
order, and line with the expectations from the theoretical analysis of the companion publication[13]. 
 
 
Figure  4-5. The flow behavior of the alloys studied, at 25°C. The crosses identify the strength 
values plotted in figure 4-7. 
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Figure  4-6. The flow behavior of the alloys studied, at 180°C. The crosses identify the strength 
values plotted in figure 4-7. 
 
 
Figure  4-7. The strength of the alloys studied, at 25 and 180oC, at a strain of 5% (the crosses in 
Figures 4-3 and 4-4). 
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4.4 Discussion 
The remarkably athermal behaviour of the Mg-Gd alloy, indicated both by the extended linear 
hardening regime [1, 14] at both temperatures in figures 4-2 to 4-4 and the small decrease in 
strength in figure 4-7, constitutes strong evidence of the presence of SRO which remains stable at 
the higher temperature. The Mg-Zn alloy partly reproduces the behaviour of the Mg-Gd, with a 
shorter linear hardening stage and a larger drop in strength at the higher temperature. This 
behaviour is consistent with a lower intensity of SRO, which makes it less thermally stable in 
comparison with the Mg-Gd. The Mg-Al alloy, as expected from its virtual absence of SRO, 
although it still exhibits a linear hardening at the higher temperature, the hardening rate is much 
lower and it suffers a substantial drop in strength despite its larger alloy content.  
4.5 Conclusions 
Mg-0.8at.%Gd, Mg-2.2at.%Zn and Mg-2.5at.%Al solid solutions were tested at RT and 180oC. 
• The solute contents were kept deliberately low to prevent precipitation hardening at the 
higher testing temperature.  
 
• The Mg-Gd lost very little strength at the higher temperature. The loss of strength was larger 
for the Mg-Zn and substantial for the Mg-Al. 
 
• The extent of the athermal behaviour is consistent with the relative strength of short range 
order in each of the alloys, largest in the Mg-Gd and lowest in the Mg-Al. 
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The Athermal Component of the Strength of Binary Mg Solid 
Solutions 
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Abstract 
Stress relaxation tests at predetermined strain/stress were used to assess the athermal stress, σa, 
component of the flow stress between room temperature and 180°C for Mg-0.8at% Gd, Mg-
0.87at% Nd, Mg-1.3at% Y and Mg-2.5at %Al solid solutions. σa decreased monotonically with 
increasing temperature for the Mg-2.5at%Al whereas it remained constant for Mg-Gd or increased 
for Mg-Y and Mg-Nd. The limited athermal behaviour of Mg-2.5at% Al alloy can be attributed to 
the random solid solution introduced by the Al. The remarkably athermal behaviour of the Mg-RE 
alloys is consistent with an increasingly strong tendency to develop short range order in conjunction 
with strain induced precipitation hardening.  
Key words: Solid solution strengthening, Stress relaxation, Athermal behaviour, Short range order, 
Mg alloys 
 
5.1 Introduction 
The strength of an alloy is normally split into two components [1-3]: 
σ = σ*+ σa  
σ*identifies the thermally activated component and σa the athermal component of the strength. The 
thermal nature of the stress arises from the interaction of dislocations with short range obstacles 
which can be overcome with help from the available thermal energy. In binary solid solutions of 
Mg the thermally activated component is closely connected to the solid solution softening of the 
prismatic and pyramidal slip systems [4, 5]. The athermal component results from the interaction 
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between dislocations and long range obstacles, such as short range order (SRO) when present. Short 
range interactions involving atomic size and shear modulus misfit, as expected for random solid 
solution effects are dominant in Mg-Al alloys [6] and in general in dilute (<0.4at.%) solid solutions. 
In concentrated alloys, the phase diagram of most Mg binary solid solutions suggests that SRO 
should be the dominant strengthening mechanism[7, 8] .SRO is a textbook example of an athermal 
strengthening mechanism that increases the creep strength of the alloy by preventing climb and 
cross slip and lowering the stacking fault energy [9]. 
The extent of the athermal regime determines the alloy creep strength [1-3, 7, 9, 10] and thus, 
extending the athermal regime to as high a temperature as possible, for instance by introducing or 
maximizing SRO, can be considered as a basic criterion for designing a creep resistant alloy.  
The tendency for developing SRO is evident from the phase diagram [8, 11] through either two 
deep eutectics separated by a high melting point intermetallic, as in Mg-Zn alloys, or through the 
formation of multiple compounds as in Mg-RE alloys. Order in the solid solution, as opposed to the 
tendency to phase separation leading to precipitation hardening, stems from a negative enthalpy of 
mixing between solute and the host [8].  
The sign and magnitude of the enthalpy of mixing can be predicted using the so called Miedema’s 
scheme[8]. Mg-Al alloys with a low enthalpy of mixing show the weakest tendency to form, and 
hence the lowest strengthening from, SRO[8]. The larger (negative) enthalpy of mixing in Mg-Zn 
and Mg-Gd binary solid solutions should lead to stronger SRO effects and are thus expected to 
exhibit extended athermal behaviour, well beyond that of Mg-Al solid solutions. The behavior of 
other rare earth (RE) elements which are widely used to enhance the creep performance of Mg 
alloys, such as Nd and Y, with similar phase diagrams and enthalpy of mixing to that of Mg-Gd is 
expected to be similar to that of Mg-Gd. 
In the current work stress relaxation tests were used to determine the athermal component of the 
strength of several Mg-RE binary solid solutions. The results are then discussed in terms of the 
expected strength of SRO.  
5.2 Experimental Details 
Mg binary alloys with nominal compositions (at.%) 2.5 Al, 1.0 Gd, 1.0 Nd and 1.6 Y were prepared 
by melting commercially pure Mg, Al, Gd, Nd and Y in steel crucibles coated with boron nitride in 
an electric furnace. The actual compositions are given in Table 5-1. The molten alloys were 
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protected with SF6+CO2 atmosphere. A mechanical stirrer was used to mix the melt for 20 minutes 
to ensure the dissolution of the solutes. Castings were made in steel moulds of size 80 x 80 x 10 
mm
3
, preheated to 300°C under an argon atmosphere. Solution treatments were performed on the 
cast plates under Ar atmosphere as per the times and temperatures given in Table 1, and quenched 
into water. Compression tests were carried out on cylindrical specimens, 18 mm in height and 9 mm 
in diameter, on a screw driven machine at 25°C, 100°C and 180°C in a temperature controlled 
chamber. The crosshead speed was 0.016 mm/min for all the tests (initial strain rate = 1.5x10-5s-1). 
Stress relaxation tests were carried out at 180°C during the compression test at 0.2mm/min. In 
sequential stress relaxation tests the alloys were deformed to a certain predetermined strain/stress, 
the test stopped and the stress monitored for 30 minutes in Mg-Al, and for 60 minutes in Mg-Gd, 
Mg-Y and Mg-Nd. The specimens were then reloaded to a higher stress/strain and the test was 
repeated. 
Table  5-1.Chemical composition of the alloys studied determined by inductively coupled plasma 
atomic emission spectroscopy (ICP-AES), and the respective grain sizes and solution heat treatment 
schedule. 
Alloy 
Solute 
(at.%) 
Grain 
size (µm) 
Time 
(h) 
Temperature 
(°C) 
Mg-2.5%Al - 129 10 413 
Mg-1%Gd 0.8 119 4 535 
Mg-1.6%Y 1.3 108.4 2 540 
Mg-1%Nd 0.87 120 6 540 
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5.3 Results 
Figure 5-1 shows the deformation flow curves of Mg-2.5Al, Mg-0.8Gd, Mg-1.3Y and Mg-0.87Nd 
at 25 and 180°C. An Extended linear hardening regime was observed in all the alloys at room 
temperature. Mg-Al exhibited an extensive loss of strength at 180°C, whereas it was limited in Mg-
Gd alloy. Mg-Y and Mg-Nd alloys showed no loss of strength. Figure 5-2 compares the flow stress 
at 0.005 and 0.05 strains, showing that the behavior of the Mg-1.3Y and Mg-0.87Nd is athermal, 
and Mg-0.8Gd is nearly athermal, followed by Mg-2.5Al. There was a limited increase in the 
strength of Mg-2.5Al at lower strain at 100°C. The strength of the Mg-0.87Nd and Mg-1.3Y alloys 
remained constant between room temperature and 100°C and increased at 180°C. Figure 5-3 reveals 
the relaxation behavior of the alloys. The slope of the curves at a given time determines the stress 
relaxation rate. There was a dramatic decrease in the strength of the Mg-2.5Al alloy while, Mg-
0.8Gd, Mg-1.3Y and Mg-0.87Nd hardly showed any stress relaxation 
5.4 Discussion 
In the Mg-2.5Al alloy the substantial drop in strength at high temperature (Fig. 5-2) and the high 
stress relaxation rate (Fig. 5-3) both are consistent with the absence of SRO. Stress relaxation near 
to zero (Fig. 5-3) corresponds well with the athermal behaviour of the Mg-0.8Gd alloy and 
constitutes further evidence of the presence of SRO already confirmed by diffuse X-ray scattering 
[12]. The extended linear hardening regime (Fig. 5-1), the remarkably athermal behaviour of Mg-
1.3Y and Mg-0.87Nd (Fig. 5-2) and a nil stress relaxation (Fig. 5-3) are also consistent with a 
strong tendency to develop short range. 
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Figure  5-1. Compressive flow curves of the alloys studied, at 25°C and 180°C. 
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Figure  5-2. The strength as a function of temperature, determined at a strain of 0.5% and 5% 
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Figure  5-3. Stress relaxation tests a)iso-stress(all tests started at 150 MPa), b)at 5% strain 
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5.5 Conclusions 
The Mg-2.5Al alloy showed no athermal regime in the temperature range studied. The strength 
dropped substantially during stress relaxation as expected for a random solid solution. 
The remarkably athermal behaviour of Mg-0.8Gd Mg-1.3Y and Mg-0.87Nd alloys, despite their 
low solute content, appears consistent with a strong tendency to develop SRO. 
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Abstract: 
Atomic level thermodynamics arguments that account for the generally weak age-hardening 
response while suggesting that extending the athermal regime through short range order (SRO) is a 
most feasible path to increasing the creep strength of many current alloys are presented. The 
tendency of many solutes to develop SRO in dilute solid solutions rationalizes a number of 
observations in current multicomponent Mg alloys while it disputes the viability of several 
micromechanisms often considered active, such as pinning of edge dislocations by mobile solute 
clouds, dynamic precipitation of thermally stable precipitates or atomic size effects on the 
diffusivity. Potential solutes are sorted out and ranked based on the sign and value of the enthalpy 
of mixing of binary solid solutions using the Miedema’s phenomenological scheme. Due to their 
large negative energy of mixing and reasonable solubility (>1at.%) at ~473K (200oC), Y and Gd 
appear as the best candidates to increase the creep strength through SRO, in close agreement with 
data reported in the literature. The feasibility of enhancing the age hardening response through 
homogeneously nucleated, coherent precipitates, in some cases despite the alloy’s negative energy 
of mixing, or via internally ordered precipitates mimicking those present in Mg-Th alloys is 
considered by making parallels with the Al-Zn and the Al-Cu alloy systems. The possible 
optimization of the strengthening of high-pressure die cast alloys combining SRO and intergranular 
eutectics or of heat treatable cast alloys through internally ordered precipitates and SRO is 
discussed.   
Keywords: Mg alloys; Creep strength; Precipitation hardening; Short range order; Miedema 
Scheme. 
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6.1 Introduction:  
Although there are no evident structural reasons for either one, weak ageing response and low creep 
resistance are still major stumbling blocks on the way to advanced structural applications of Mg 
alloys. Consistently, it has been pointed out that these issues have more to do with the solutes’ 
nature than with the host itself [1-4].  
Since the solubility of many solutes decreases with the temperature in the same fashion as in age-
hardenable Al-based alloys, at first sight most Mg-based alloys appear as suitable candidates for 
precipitation hardening through controlled ageing [2, 5-13]. Following the Al alloys model, ageing 
of Mg alloys is carried out by a combination of solution heat treatment within the single phase field 
in the relevant phase diagram, followed by quenching to create a super saturated solid solution. 
Subsequent ageing at an intermediate temperature is expected to harden the alloy through a mixture 
of coherent and non-coherent precipitates finely distributed in the α-Mg matrix. As shown by Fig. 
6-1, more often than not the results hardly meet the expectations: whereas aged Al-Cu alloys can 
reach in excess of 150HV and Al-Zn alloys 200HV, most aged Mg alloys remain well below 
100HV. Among them, the binary Mg-Al and Mg-Zn alloys are textbook examples of weak ageing 
response [3, 4]. The overall behaviour in Fig.1 is in line with the classical experiments by DeLuca 
and Byrne [14], who concluded that while age hardening can make Al alloys 200 times harder than 
the pure metal, a mere increase of a factor ~30 is normally achieved with Mg-based alloys. At 
~130HV, recently developed quaternary alloys such as Mg-Gd-Y-Zr and Mg-Y-Nd-Zr can be 
quoted as acceptably examples of age hardening [13], although still well below Al-Zn alloys.   
A fairly similar situation exists regarding creep strength, with many Mg alloys softening at about 
393-422K (~120-150oC) [1, 8, 12, 13, 17-19], as shown in Fig. 6-2. Mg-Al is again a case in point: 
despite Al’s high solid solubility and measurable strengthening effects at room temperature [20], 
solid solution hardening does not extend to high temperatures. Figure 6-2 also shows that the Mg-
Th alloys, which are currently being phased out due to Th’s radioactivity, remain stable up to 573-
623K (300-350°C) [12, 19]. On the positive side, some of the most recently developed alloys, 
WE43, WE54 and EZ43 approach a service temperature of 523K (250°C) [11, 19, 21, 22] and new 
alloys are under consideration [11] . 
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Figure  6-1. Comparison of the ageing response of Al- and Mg-based alloys. Data replotted from: 
Mg alloys, [13]; Al-Cu [15], Al-Zn [16].  
 
Figure  6-2. The strength of Mg alloys as a function of temperature. Data replotted from [12], save 
for Mg-Th (alloy HK31A, 2.5-4%Th-1%Zr-0.3%Zn), and for which the points represent the strength 
at 0.5% strain after 10h at temperature [23].  
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Another distinguishing feature of the Mg alloys’ field is that many micromechanisms proposed to 
account for the observed improvements in either hardness or creep strength, frequently are little 
more than ad-hoc, after-the-facts explanations, valid at best for the particular system under 
consideration. Hence, extrapolation to other alloy-systems is either not possible or contradictory, as 
discussed in the next sections. In practice, trial and error rather than systematic approaches 
distinguish the field when it comes to alloy selection and design [7, 12, 13, 18, 24].  
In what follows several strengthening mechanisms in Mg alloys, at both room and high temperature, 
are briefly reviewed. Subsequently, atomic level thermodynamics, through the classical Miedema et 
al.’s [25-28] phenomenological scheme, is used to sort out solutes according to the expected 
behaviour during age hardening or their potential effect on the creep strength of binary solid 
solutions. It is shown that due to the strongly electropositive nature of Mg, most alloy systems can 
be expected to develop short range order (SRO), on the one hand curtailing the nucleation of finely 
dispersed coherent precipitation, hence preventing a strong response to artificial ageing, while on 
the other, potentially increasing the creep strength. The tendency of solutes to develop SRO 
rationalises most, if not all, of the observed behaviours in current multicomponent alloys, ranging 
from weak-to-strong ageing response and from low-to-high creep resistance, dismissing many of 
the micromechanisms currently invoked as explanations. The Miedema scheme naturally suggests a 
rational approach to solute selection, hence, to alloy design, derived from the relevant binary phase 
diagrams. The predictions are corroborated using data from the literature in the last sections of this 
paper, and by experiments involving binary solid solutions described in a companion paper [29].  
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6.2 Room Temperature Strength 
6.2.1 Solid Solution Hardening 
Mg-based binary solid solutions can be broadly sorted out into two groups, as illustrated by Fig. 6-
3, one represented by Mg-Al alloys and which exhibit strengthening in line with random solid 
solution [20], and one in which the solid solution hardening rate is several times higher, exemplified 
by alloys containing Zn [30], Gd or Y [31, 32].  
A number of works [31-34] concluded that the high strengthening efficiency of Y and Gd cannot be 
explained by elastic interactions as would be expected for random solid solution hardening (cf., the 
Mg-Al case [20]), but active mechanisms, other than an unverified valence mechanism1 [35] have 
not been put forward. The hardening in Mg-Gd-Zn alloy has been ascribed to the formation of Gd-
Zn dimers that presumably block the movement of the basal dislocations’ edge components [36]. 
Alternatively, the high solution hardening rate introduced by Zn has been accounted for through 
SRO, [30] consistently with what the alloy’s phase diagram indicates [37]. The presence of SRO 
has been confirmed by diffuse x-ray scattering in a number of binary Mg solid solutions, namely, 
Mg-Gd [38], Mg-Er [38], Mg-Sn [39], Mg-Tb [40] and Mg-In [41], as well as in liquid Mg-Zn [42] 
and in aged Mg-5at.%Gd [43], suggesting that the similar behaviours of Zn, Y and Gd in Fig. 3 are 
indeed due to SRO in all three alloy systems.2,3,4,5 
                                                          
1
 The alleged valence mechanism is supposed to increase the yield strength of Mg-RE solutions through the introduction 
of a covalent component in the atomic bonding. The model also predicts that Zn should harden Mg at the same rate as 
Al, in contradiction with Fig. 6-3.   
2
 SRO is expected in Mg-Al as well, but its strength is bounded by the low melting point of the Mg17Al12 intermetallic 
[30]. 
3
 The low values of the Hall-Petch friction stress in Mg-Zn [44], and which are also accounted for by SRO effects on 
twinning, led some authors [31, 34] to conclude that solid solution by Zn is below that of the RE, against what Fig. 3 
shows. 
4
 It has been recently pointed out [45] that the RE increase the ductility more than Zn, which is not correct as can be 
seen by comparing the data of Refs. [30-32]. That the alloys are more ductile than the pure Mg metal is yet another 
classic conclusion [46-49], stemming in this case from the solid solution softening of the prism planes, which being a 
general solid solution effect should apply equally well to all kinds of solutes, including the RE. 
5
 Mg-Sn is known to develop SRO [39], hence its hardening rate should match that of Mg-Zn in Fig. 6-3, but recent 
experiments [50] suggest otherwise. It is noted however that the specimens used in those experiments had only 4-5 
grains across the cross sections, questioning the validity of the results for polycrystals.  
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Figure  6-3. The strength of Mg-based solid solutions. Data sourced from:[30] (Mg-Zn);[20] (Mg-
Al);[31] (Mg-Gd); [32] (Mg-Y). 
 
6.2.2 Precipitation hardening  
In their pioneering work, Sturkey and Clark [2-4, 51] pointed out that Mg-Al and Mg-Zn alloys 
were reluctant to form the homogeneously distributed clusters which act as precursors to 
precipitation in Al-based alloys. The lack of a suitable precursor, hence of finely distributed 
intermediate phases equivalent to the GP zones in Al-Zn or Al-Cu, means that the equilibrium 
phase, which in most Mg alloys forms straight from the solid solution, is ultimately responsible for 
age hardening through the Orowan mechanism [2-4, 51]. The Orowan mechanism requires a 
disproportionate large volume fraction of finely distributed, hard (normally non-coherent) particles 
to achieve the strengthening that internally ordered, coherent precipitates can achieve with orders of 
magnitude less due to the elastic coherency strains which repel dislocations [52-54]. An additional 
drawback affecting precipitation strengthening of Mg alloys, and of which Mg-Al alloys are again a 
textbook example, relates to the fact that the precipitates often lie flat on the basal plane [3, 51], 
making them morphologically inefficient for interacting with the dominant form of slip. It has been 
noted, however, that in aged Mg-Zn solid solutions [2, 4] the MgZn2 phase precipitates with the 
right orientation, i.e., perpendicular to the basal plane, but still the alloys’ performance is hardly any 
0
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better than that of Mg-Al. In practical terms, the highly inefficient Orowan mechanism is a last 
resort when it comes to artificial ageing: detailed calculations by Nie and Muddle [52] and 
Hutchinson et al.[17] show the extent to which both comminution and reorientation of precipitates 
should occur in order to significantly increase the strength of most Mg alloys. 
The early literature suggested the use of ternary additions as a way to increase the precipitates’ 
number density [3, 4, 51, 55], and numerous experiments followed this path time and again, with 
uneven success [5, 17, 55-58]. Likewise, sophisticated efforts to reorientate precipitates in Mg-Y 
alloys by edge-to-edge matching through trace element additions led to an increase of about 10~20 
HV at best [59].  
In the specific case of AZ91 alloy, trace elements such as Si, Sb, Sr, Ca, Na, Ag, Mo, Ba, Pb, B and 
Cu [7, 8, 60-63] have been tried in order to either refine the precipitates, alter their morphology or 
enhance the kinetics of precipitation, again with varied success [13, 18].  
It has also been suggested that increasing the density of precipitates requires trace elements with 
atomic size larger than the host’s so as to attract vacancies [13]. This mechanism seems unlikely to 
work, though, as, on the one hand, controlled quenching experiments by Pike and Noble [64] 
already showed that increased diffusivity through enhanced vacancy concentration makes for 
coarser rather than finer precipitation whereas, on the other, when additional (heterogeneous) 
nucleation sites are provided, e.g., through predeformation, the precipitation scale is reduced [17, 
65]. That is, the coarseness of the precipitation stems from the lack of suitable nuclei in the early 
ageing stages rather than from insufficient diffusivity.  Possible ways around the weak ageing 
hardening response of many Mg alloys are discussed in sections IV and V. 
6.3 . Creep strength 
Mordike [12] pointed out that efforts aimed at increasing the creep strength of Mg alloys have 
followed two complementary paths: incremental strengthening of existing alloys, AZ91 in 
particular, through minor chemical additions, and the development of alternatives to Mg-Th alloys. 
Examples of the first path involve trace additions of, e.g., Ca [66], Sr [18], RE [8], Si [61, 67], and 
Sb [62, 68] to Mg-Al, aimed at either strengthening the α-Mg matrix by solid solution or 
precipitation hardening, or at preventing grain boundary sliding through thermally stable 
intergranular intermetallic particles. As already stated, most of these attempts met with limited 
success.  
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The other path resulted in new alloys containing RE [1, 12, 18, 32, 69-76] and was significantly 
more successful: e.g., the creep rate of Mg-Y alloys is some 3 orders of magnitude lower [1] than 
that of Mg-Al. Further improvements have been possible through the addition of Nd to Mg-Y 
alloys, leading to the current WE54 and WE43 alloys [12, 18]. Other cases are described in section 
VII. Despite the experimental success, the micromechanics accounting for the high creep resistance 
of Mg-RE alloys, as well as those active in some of the Mg-Al alloys [67] is still a matter of debate, 
as evident from the wide variety of proposed mechanisms which often are either in contradiction 
with each other, or lack specific structural support, as discussed below.  
6.3.1 Solid Solution hardening 
As expected from Fig. 3, two different situations are observed:  Al in solution leads to a minor 
increase in creep resistance [77, 78], even when ternary elements like Sn in MRI230D alloy shift 
the solute partitioning during solidification, increasing the final amount of Al in solid solution [77]. 
Moreno et al.[79] pointed out that the solid solution strengthening by Al leads only to short term 
increases in the strength in AE42 (Mg-4Al-2RE) alloy compared to MEZ (Mg-2.5RE-0.35Zn-
0.3Mn) alloy.  
It has also been claimed that the low creep resistance of AZ91 alloy mainly stems from the low 
melting temperature (735K (462°C)) of the intermetallic [67, 80-83]. Addition of RE elements [84, 
85] or Si [67] aiming at introducing thermally stable intermetallics improves the creep somewhat. 
However, since the presence of harder intergranular particles provides no additional solid solution 
strengthening across the α-Mg matrix, the dislocation substructure remain virtually free to cross slip 
or climb, as discussed in more detail with reference to Figs. 4 and 5 later on. By and large, the poor 
creep performance of AZ91 alloy, which with as much as 9% Al in solution is hardly any better 
than that of Mg-2%Al [1, 67, 82, 86], denies in principle any beneficial effects ascribed to solution 
hardening by Al on the creep strength of any Mg alloy. 6 
RE in solution, on the other hand, perform much better: Maruyama et al. and Mordike showed that 
Y in solution is much more effective than Al [1, 12] when it comes to improving creep strength. 
                                                          
6
 Many studies, e.g., [80, 82, 86] based their conclusions on specimens tested in the as-cast condition. Cast 
microstructures are strongly geometry dependent, and since coring creates strong concentration gradients and 
disproportionate amounts of interdendritic eutectics, as-cast specimens seem hardly suitable to properly quantify solid 
solution strengthening, or any other micromechanism, for that matter. This criticism does not apply to studies based on 
high-pressure die-cast specimens, since in those cases what is measured, rather than material properties, are the 
properties of the casting cross-section [87]. 
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Zhu et al.[88] and Gibson et al.[76] showed that the creep strength of Mg-RE alloys increases with 
the content of the RE and concluded that both solid solution and precipitation hardening are major 
factors in the creep strength of these alloys, in decreasing order for Nd, Ce and La. Xu et al.[89] 
showed that partly replacing Gd by Y in a Mg-Gd alloy leads to decreased number density of 
precipitates while still increasing the creep strength, an indication of the stronger effect of solid 
solution over precipitation in these alloys.  
6.3.2 Dynamic precipitation  
This is one the most often quoted mechanisms to account for the increased creep resistance [1, 13, 
18, 90] of Mg alloys, with or without RE, and possibly one of the least defendable. The logic 
behind dynamic precipitation is that the mutual intersection of dislocations increases the vacancy 
concentration during creep, enhancing diffusion, and ultimately leading to finer, hence more 
effective, precipitation occurring concurrently with the deformation [91]. As mentioned in relation 
to (static) precipitation hardening, Pike and Noble classic experiments [64] showed through 
controlled quenching that an increased concentration of vacancies led to coarser rather than finer 
precipitates. The strengthening effects observed during creep, when they indeed occur, are thus 
more likely to be accountable through the introduction of heterogeneous nucleation sites 
(dislocations) rather than through enhanced diffusivity. Maruyama et al. [1] made this point explicit 
as well regarding Mg-Y. Again, ECAP experiments show that saturating the matrix with 
dislocations prior to ageing leads to a highly refined precipitate microstructure [65] without the 
need for enhanced vacancy concentration. More significantly, deformation-enhanced precipitation 
occurs in AZ91 alloy as well [17, 62, 92] but it does not lead to hardening during creep, further 
disputing the fundamentals of this mechanism as a general strengthening mechanism.  
6.3.3 Solute dragging / Solute clustering 
Serrated flow in Mg-Y and Mg-Gd alloys [12, 93] has been mentioned as evidence of solute 
dragging and locking of dislocations, therefore accounting for these alloys’ enhanced creep 
resistance. Against the alleged efficiency of this mechanism it may be argued that serrated flow is 
also observed in many other Mg alloys [12, 32, 94-96], including AZ91 alloy [92, 97, 98], which, 
again, hardly qualifies as creep resistant. Along the same lines, it has been suggested [99] that small 
additions of Zn (0.3at.%) to Mg-Nd-La improves the alloy’s creep strength through Cottrell 
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atmospheres of Zn atoms around dislocations.7 Solute clustering requires thermodynamic conditions 
which are in principle excluded by most of these alloys’ phase diagrams (e.g., positive energy of 
mixing), and of RE in particular, as discussed in more detail in Sections IV-VI, questioning the 
fundamentals of the cloud forming mechanism. 
A more direct criticism can be levered to the hypothesis of dislocation pinning by solute clouds. 
Since solute dragging stems from atomic size differences, it should affect mainly the edge 
component of dislocation loops, leading to loops elongated in the direction of the screw components 
[102]. Such elongated loops have been observed, e.g., after prism slip in pure Mg single crystals 
[103] and in the bcc metals [102], and correctly ascribed to the anisotropy of the Peierls–Nabarro 
friction, but have not been reported regarding basal dislocations in Mg alloys.8  
6.3.4 Atomic size controlled diffusivity  
More recently it has been speculated [13] that the slower creep of Mg-RE alloys stems from the 
reduced diffusivity of RE atoms, ascribed, through as unspecified atomic mechanism, to the larger 
solute’s atomic size in relation to the host’s. This hypothesis was put forward in relation to Nd, Y, 
Gd, Ce and La [13, 88], and by extension, it should explain why Al, being smaller in size, hence 
able to diffuse at a faster rate, does not increase the alloys creep strength when present in solution 
[76, 88]. Likewise, it has been argued [89] that when Gd is partially replaced by Y in the Mg-Gd-
Zn-Zr alloy the precipitates become smaller due to the lower diffusion rate of the (larger than Gd) Y 
atoms. Similar arguments have been applied to Ca [100]. However, no direct evidence of size 
related effects on the diffusivity of substitutional solutes in Mg alloys, or any other alloy system for 
that matter, seems to be available in the literature. On the contrary, comprehensive work on (HCP) 
Zr by Tendler and Abriata [104] showed that while the diffusivity of interstitial solutes is closely 
correlated with atomic size (and indeed much faster for smaller solutes as would be expected), it is 
independent of the atomic size for substitutional ones.9  
                                                          
7
 The formation of the so called RE texture in Mg-RE alloys [100] has also been ascribed to solute dragging effects 
stemming from the larger atomic size of RE elements. A similar texture weakening has also been ascribed to the atomic 
size effects of Ca [96, 101].  
8
 This criticism can also be levered to the hypothesis that Gd-Zn dimmers form in Mg-Gd-Zn alloys and block the edge 
components of mobile dislocations on the basal plane [36].  
9 Using the Meidema-Niessen model, Bakker [105]showed that for solutes much smaller than the alloy’s host, the 
reduction of effective atomic volume due to the charge transfer enables a significant fraction of the solute atoms to fast-
diffuse as interstitials, i.e., the solute exhibits on average a faster than expected diffusion rate. However, when the 
difference in size between solute and host is less than the Hume-Rothery limit of ±15% the solute behaves strictly as 
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Alternatively, drawing from Brouwer et al.’s [107] work on Ti, it can be argued that any reduction 
in the diffusivity of RE atoms, which is certainly possible, is likely the result of the increased 
activation energy for diffusion due to the formation of SRO. 
Two other possible strengthening mechanisms are described below for completeness. Unlike the 
ones discussed so far, these mechanisms are well supported by experiments. 
6.3.5 Coherent, internally ordered ppt  
Mg-Th alloys are in a class by themselves due to the ordered precipitates which are at the core of 
their remarkable creep strength [108, 109]. In these alloys a Laves transition phase with the 
composition Mg2Th, which differs from the equilibrium phase (Mg4Th) [108], forms during ageing. 
The formation of a semi-coherent ordered transition lattice has also been reported in Mg-3.7%Th-
0.4%Zr by Mushovic and Stoloff [109] with the probable composition of Mg3Th. The precipitation 
behaviour of Mg-Th differs in a fundamental aspect from that of most other alloys, such as Mg-Al, 
Mg-Zn or the Mg-RE: it involves homogeneously nucleated, finely dispersed, coherent precursor 
phases, closely mimicking those observed in age hardenable Al-Zn alloys. As shown in Section IV, 
these diverging behaviours, i.e., whether a binary Mg alloy can be expected to develop fine 
precipitation or otherwise, can be anticipated from the respective phase diagrams.  
6.3.6 Percolating eutectic microstructure 
The spatially interconnected eutectic microstructure that forms in most High Pressure Die Cast 
(HPDC) Mg-alloys [10, 110-113] has been shown to introduce hardening effects ranging from a 
few MPa in AZ91 to ~40 MPa in some Mg-RE alloys. In a Mg-RE alloy, strengthening of the α-Mg 
matrix in which the eutectic structure was embedded, a ternary addition [112] which  higher 
terminal solubility added ~30MPa to the alloy’s room temperature strength on top of what the 
eutectic percolating microstructure did on its own.  
Needless to say, to take advantage of a thermally stable intermetallic microstructure, a thermally 
stable dislocation substructure in the α-Mg matrix is also necessary, as discussed in relation to Figs. 
                                                                                                                                                                                                 
substitutional and the diffusion is normally slow and size-independent. Considering the similar atomic radius and c/a 
ratio of Mg and Zr [106] the diffusivity behaviour of any solutes can in principle be expected to be similar for both 
hosts. Tendler and Abriata’s results also suggest that for solutes larger than the 15% limit, increased rather than 
decreased diffusivity can be expected, further denying the possibility of slower diffusivity of the larger RE, or any other 
larger substitutional solute, for that matter. 
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4 and 5. Dedicated experiments and further discussion involving these hypotheses can be found in 
the companion paper [29].  
6.4 Thermodynamics-based analysis 
6.4.1 The athermal strength regime 
Figure 6-4 schematically shows the strength of a solid solution as a function of temperature. The 
plateau at intermediate temperatures identifies the so called athermal strength regime. The overall 
behaviour can be rationalised by dividing the flow strength into two components [114-117]:  
τ = τi + τ
*
                                                    (1) 
where τi is the athermal component of the stress arising from long range stress fields, and τ* is the 
thermally activated component connected with short range obstacles that can be overcome by 
thermal energy. At temperatures above about 1/3 of the melting point, Tm, the flow stress decreases 
rapidly again, approaching the critical resolved shear stress of the pure metal, a behaviour attributed 
to the onset of dislocation’s dynamic recovery through first cross slip and then climbing, the latter 
through increased atomic diffusivity.  
 
Figure  6-4. Solid solution and precipitates effects on the extent of the athermal regime. (schematic) 
[47, 118]. The numerals are a link to the flow curves of Fig. 6-5. 
Figure 6-5 exemplifies with actual data for alloy AZ91 the correlation between an alloy’s 
deformation behaviour and the schematics of Fig. 4. At room temperature the deformation curve 
(#1) exhibits a linear strain hardening regime extending to nearly 10% strain, consistent with 
pure metal
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hardening by athermal accumulation of forest dislocations [119, 120]. At 373K (100°C) partial 
activation of dynamic recovery lowers the slope and shortens the linear hardening stage (#2). At 
473K (200°C) extensive recovery prevents strain hardening altogether (#3). The deformation 
behaviour of solid solutions of Y, Gd, Nd, Zn and Sn are compared in the terms of Figs. 6-4 and 6-5 
in the companion paper [29]. 
The extent of the athermal strength regime determines the alloy’s maximum service temperature. 
Consequently alloy design for creep strength aims at rising and extending the athermal regime as 
much as possible [121] as schematized in Fig. 6-4. Hardening mechanisms to consider are solid 
solution, precipitation and atomic scale order [49, 114-116, 122], sorted out through the length scale 
of the interaction with dislocations as: 
Short range interactions: these include elastic interactions between solute and solvent involving the 
shear modulus and atomic size misfit (i.e., random solid solution effects). Being amenable of 
thermal activation, they are not expected to significantly widen the athermal regime. Random solid 
solution effects dominate the strength of Mg-Al [30] and by extension AM and AZ91 alloys, which, 
consistently, have virtually no mentionable strength above 120-150oC [18]. 
Long range interactions: order in solid solutions, in either the long or the short range scale, or 
through coherent, internally ordered precipitates, increases the strength and curtails cross slip, 
generally suppressing dynamic recovery, hence introducing athermal forest hardening [116, 118, 
121] upon the deforming alloy. Order in a solid solution also lowers the diffusion rate by increasing 
its activation energy [107] as already mentioned, decreasing the climbing rate. Thus, order is 
expected to significantly lift and widen the alloy’s athermal regime. Top examples of these types of 
interactions are the alloys containing RE discussed with regards to Fig. 6-3 and the internally 
ordered coherent precipitates which are the core of the creep strength of Mg-Th alloys [108]. 
Solutes that lower the stacking fault energy are expected to have similar effects [114, 123]. Possible 
RE effects on the SFE of Mg at the nanoscale have been considered in recent works [45, 124]. 
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Figure  6-5. Deformation curves for AZ91 alloy at different temperatures, replotted from [125] (The 
numerals link the alloy’s behaviour to the strength’s stages in Fig. 6-4).  
 
6.5 Atomic Order vs. Clustering  
As the energy of mixing [126-131] of a binary solution becomes increasingly positive, a solubility 
gap appears, then a congruently solidifying alloy and finally a single eutectic system. Conversely, 
increasingly negative energy of mixing leads to multiple electronic compound formation and 
ultimately to a high melting point intermetallic solidifying congruently from the melt bounded by 
two eutectics. The extreme cases are illustrated by Fig. 6-6. 
A supersaturated solid solution involving elements that keep a positive interaction (i.e, single 
eutectic phase diagrams alloys such as in Al-Zn, Fig. 6-6b) leads, upon ageing, to segregation of the 
solute into small and uniformly distributed clusters (GP zones), which act as precursors to the 
subsequent, equally fine precipitates that ultimately strengthen the alloy [54]. In the opposite case 
[127], a negative interaction (i.e., two eutectic phase diagrams, Fig. 6-6c) leads to the development 
of short range order (SRO) at dilute concentrations. Upon ageing, the reluctance to form solute 
clusters leads to heterogeneously nucleated, and ultimately coarse second phase particles, often with 
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the equilibrium phase composition [130], exemplified by Mg-Al, Mg-Zn and Mg-Sn alloys [2, 4, 
30, 76, 132].10  
 
 
                             (a)                                        (b)                                                  (c) 
Figure  6-6. Changes in the phase diagram from (a) complete solubility to either (b) large positive 
energy of mixing or (c) large negative energy of mixing [127].  
 
The sign and magnitude of the enthalpy of mixing can be used to sort out alloys of any given host, 
Mg in this case, and predict which alloys are prone to exhibit either solute clustering or SRO, i.e., 
which alloys can be expected to exhibith either strong precipitation hardening or high creep 
strength. The cellullar scheme laid out by Miedema et al. [25-28] will be used to this purpose.  
6.6 Miedema’s Cellular Scheme 
Miedema et al.’s [25-28, 133-136] phenomenological scheme, introduced in the 1970’s, involves 
two parameters: the work function, φ*, (closely related to Pauling’s electronegativity value), and the 
electron density at the boundary of the Wigner–Seitz (WS) cell, nJK3/. The sign and magnitude of the 
enthalpy of formation of metallic solutions can be calculated based on these two parameters alone, 
therefore anticipating the relative tendency to form either ordered, random or immiscible solutions, 
as schematized by the phase diagrams Figs. 6-6. Ab-initio and Calphad calculations normally 
reproduced closely Miedema et al.’s values, providing the approach with strong independent 
                                                          
10
 Deep eutectics and the development of SRO already in the liquid correlate with the tendency to form metallic glasses 
in many Mg alloys [127]. 
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support [134-136]. The scheme has also been successfully used to calculate the enthalpy of 
formation of Laves phases [135] with the accuracy of results confirmed by ab-initio calculations in 
most cases, e.g. [136]. A limitation often pointed out is the Scheme’s fundamentally isotropic 
nature, i.e., it applies most accurately to liquid metals, where elastic energy related to any size 
mismatch is negligible. Further developments in the ab-initio methods enabled overcoming some of 
these limitations (e.g., see [134]).11 
In the Miedema’s scheme an atom in the metallic state is assumed as a macroscopic piece of metal 
within the Wigner-Seitz cell. The macroscopic atomic model for alloy formation is shown in Fig. 6-
7. The Wigner-Seitz atomic cells of the pure metals A and B, with a small change in the shape, form 
the AB alloy system. If the molar volume remains unchanged (Fig. 6-7b) the energy of alloying 
would be close to zero. However, the boundary conditions impose a redistribution of charge within 
and between the atomic cells leading to a change in the cells volume, as in Fig. 6-7c (cf. footnote #9 
re. atomic size and diffusivity). The equilibrium state is thus achieved through two contributions of 
opposite sign to the enthalpy of formation [25, 28].  
The negative term, proportional to (∆φ*)2, stems from the difference between the host’s and solute’s 
work functions, leading to a charge transfer from the more electropositive element to the more 
electronegative one providing the main driving force to form either a phase separating system or 
many ordered intermetallic compounds. The positive contribution stems from the need to remove 
any discontinuity of the electron density at the boundary of the WS cell between solute and solvent 
and is proportional to (∆nWS1/3)2 . 
 
                                                          
11
 Pettifor’s Quantum Mechanics analysis [137] showed some contradiction in the fundamentals, but which do not 
detract from the practical value of the scheme as a (powerful) sorting and ranking tool. 
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Figure  6-7. Miedema Scheme’s macroscopic atomic model for alloy formation: the pure metals (a) 
form an alloy with (b) no change in the volume fraction. In (c) A expands and B shrinks due to the 
transfer of charge.  
 
The enthalpy of formation, ∆H, in both the solid and liquid state, involved when forming an equi-
atomic compound [28, 138, 139] is thus given by [26, 27, 140, 141]:  
                                                      ∆H = ?@8∆A∗9B+C8∆DEF3/9B ? L	,                              (2) 
where P and Q are constants,12 related to each other through Q/P = 9.4 (eV)2(d.u.)2/3, the slope of the 
straight line separating positive and negative ∆H- values (i.e., for ∆H = 0) as explained in relation to 
Fig. 6-8 in the next section. R, called the hybridization term, is a constant for given groups of 
alloys, and enters the equation only when transition metals are alloyed with non-transition metals, 
hence its name.  
  
                                                          
12
 For consistency with the original formulation, non-SI units (eV and d.u.) are used for the scheme. 
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6.6.1 Application to Mg alloys 
A diagram using Miedema’s coordinates was created in Fig. 6-8 for binary Mg-based alloys 
involving both transition and non-transition elements. 13  R is small when Mg is the host and can be 
neglected [27], so Fig. 6-8 was created assuming R = 0 for all solutes. The effect of neglecting the 
R-value on particular (borderline) solutes is discussed in Appendix A.  
 
The two diagonal lines, drawn through Mg with slope Q/P = +/- 9.4 (eV)2(d.u.)2/3, sort out solutes as 
follows: elements sitting right on the lines show zero enthalpy of mixing; the upper (or “North) and 
lower, (or “South”) sectors identify solutes with a negative energy of mixing; those lying on the 
East/West sectors have a positive energy of mixing. Consequently, solutes located right on the lines 
are expected to exhibit complete miscibility; those on the North or South sectors should show a 
tendency to develop phase diagrams with either “multiple electronic compounds”, or “two-
eutectics” similar to that of Fig. 6-6c; those on the East-West sectors should form single eutectic 
diagrams akin to that of Fig. 6-6b. Figure 6-9 shows how these distinguishing features of the phase 
diagrams vary consistently, and systematically, according to the elements’ location in the periodic 
table. 14  
 
                                                          
13
 Diagrams similar to that of Fig. 8 can be seen in [139] for Fe, in [27] for Mg and a generic one in [133]. 
14
 With exception of Ni and B, the sorting of solutes in Fig. 6-8 is consistent with the respective phase diagrams as per 
Figs. 6(a-c). The mismatches are discussed in Appendix A. 
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Figure  6-8. The Miedema scheme for Mg alloys, assuming R=0 in Eq. 2. Coordinates data from 
[26].  
 (
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)
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Figure  6-9. Selected solutes’ electronegativity and their phase diagrams (the later from the ASM 
phase diagram centre[142], diagrams # 979988, 103456, 979989, 980984, 101029, 101007, 
900643, 102127, 104161, 907783, 900170, 101162, 901583, 2002147, 102125).  
 
Elements more electropositive than Mg’s (e.g., the RE), are likely to sit on the South sector of Fig. 
6-8, whereas the more electronegative ones (e.g., Al and Zn) are likely to sit on the North. Figure 6-
9 shows that the RE elements generally exhibit a sequence of electronic compounds [130] with an 
increasing tendency to develop a single maximum at intermediate (equiatomic) composition, in 
order Er, Tb, Y, Gd, Nd, Ce. 
In the North sector the phase diagrams mostly conform to Fig. 6-6c, e.g., those of Ag, Zn, Pb, Sn or 
Al, with a single or dominant compound forming congruently at near equiatomic concentration. 
Since the terminal solubility is also limited by the difference in electronegativity, consistently with 
Hume-Rothery’s rules, the most electronegative elements such as As, Sb and Bi (group VA of the 
periodic table, all in the North sector), exhibit negligible solid solubility, in comparison with, e.g. 
Al, which exhibits extensive solubility (cf. footnote # 2 concerning Fig. 6-3). 
  
 
81 
 
For many of the alloy systems in the North/South sectors the tendency to develop SRO has been 
recognised in early studies and was ascribed to the large difference in electronegativity between 
solvent and solute [130]. Alloy systems where SRO was confirmed by x-ray diffraction were 
already mentioned in section II. Consistently with these assertions, Nie [13] pointed out that there is 
no evidence of solute clustering in binary solid solutions of Gd or Nd, nor in the ternary solutions 
Mg-Y-Nd, Mg-Gd-Y or Mg-Gd-Nd. Maruyama et al. [1] made a similar assertion concerning Mg-
Y. 
The magnitude of the (negative) enthalpy of formation measures both the thermal stability of the 
intermetallics in the concentrated alloys[135] and the tendency to develop SRO in the dilute 
compositions [127, 130]. Figure 10 shows that the melting temperature of the intermetallics of 
approximate equiatomic composition for Ag, Gd, Nd and Y and of the Laves phase for Sn and Zn 
generally scales with the enthalpy of formation (see also Table 1). 15 
The tendency to developing SRO naturally explains the weak ageing response of binary alloys 
containing Zn, Al, Sn, and R in general as already discussed, and accounts at the same time for the 
solid solution hardening results of Fig. 6-3. The already mentioned success, or otherwise, of solutes 
and trace elements aimed at increasing the age hardening response of Mg alloys [13] can now be 
understood through Fig. 6-8. Belonging to the East/West sectors, solutes such as Th, Mn, Na, and 
Co can be expected to exhibit homogenous clustering and fine coherent precipitation from the solid 
solution, along the line Al-Zn alloys follow. Most other trace elements mentioned in the literature, 
namely, Si, Sb, Ca, Ag, Ba, Cu etc., belong in the North/South sectors, hence should tend to form 
SRO and are not necessarily suitable for improving the ageing response through clustering. The fact 
that some of them do, e.g., Ca and Ag improve the age hardening of Mg-Zn alloys [143] whereas Pb 
and Sb do so in AZ91 [60, 144], suggests that further options are available. These possibilities are 
considered, together with the SRO effects on the creep strength, in the next two sections. 
 
                                                          
15
 In a sense, the phase diagrams on the South sector are temperate forms of the more extreme ones on the North, e.g., 
Bi, As and Sb, and in which intermetallics form congruently at temperatures as high as 1518K (1245oC, Sb).   
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Figure  6-10. The melting point of intermetallics (at nearly equiatomic compositions for Ag, Gd, Nd 
and Y and Laves phases for Sn and Zn ) as a function of the enthalpy of formation. Melting point 
data from the phase diagrams of Fig. 6-9 and enthalpies of formation from [134].  
 
6.7 Ranking for Creep Strength 
Being an athermal strengthening mechanism [118], SRO is expected to increase the alloy’s creep 
strength by both lifting and widening the alloy’s athermal regime as schematised in Fig. 6-4.  
Following the analysis of Refs. [30, 145] the enthalpy of formation, scaled by the concentration 
effects on SRO can be used to rank the alloys strength as [146]:  
                                                      τSRO ~ [∆H*c(1-c)]2                                          (3) 
where τSRO is the expected contribution to the shear strength stemming from the SRO and c is the 
atomic concentration. Numerical values for the parameters of Eq. 3 are given in Table 6-1 for a 
number of solutes. The c values, read from Fig. 6-11, represent the respective solubilities at 473-
573K (200-300°C) unless stated otherwise.  
T
m
 i
n
te
rm
e
ta
ll
ic
 (
K
)
 (
°C
) 
  
 
83 
 
Table  6-1. Approximate solute solubilities (at. %) at 473K (200°C) for the alloys studied (read from 
Fig. 6-11) and the respective Miedema’s coordinates values[26] used to create Figs. 6-8 and 6-12. 
(Solutes in bold were used in the experiments described in the companion paper[29].   
Solute Solutes used in dilute concentration experiments [29]  Low solubility solutes 
Solute Mg Al Zn Sn Gd Nd Y Ca Si Sr Ce Ag Sb 
c @ 
473K 
(200°C)
a 
- 2.5 1.5 0.5 1.0 0.8 1.5 
0.0
5 
0.0
5 
0.0
5 
0.0
5 
  
0.5 0.0
5 
φ* 3.4
5 
4.20 4.10 4.15 3.20 
3.19 
3.20 2.5
5 
4.7
0 
2.4
0 
3.1
8 
4.3
5 
4.4
0 
nWS
1/3
 1.1
7 
1.39 1.32 1.24 1.21 
1.20 
1.21 0.9
1 
1.5
0 
0.8
4 
1.1
9 
1.3
6 
1.2
6 
∆Hb  
(kJ/mol) - -7 -13 -38 -35.3 -37.2 -35.3 -26 -34 -19 
-
39.
4 
-
38.
6 
-74 
IM 
forming 
upon 
ageing c 
- 
Mg17Al
12 
MgZn
2 
Mg2S
n 
Mg3G
d 
Mg3N
d 
Mg24
Y5 
- - - - 
 
- 
a
 the c-values were bound by the solid solubilities at either ~ 473K (200oC) as per Fig. 11 (solutes 
in bold in this table), the solid solution heat treatment temperature (Nd), a maximum of 2.5 at.% 
(Al), or a nominal value of 0.05at.% for Ca, Si, Sr, Sb and Ce. For Ag a solubility of 0.5% was 
assumed following [13, 147]. See also footnote 16. 
b 
∆H values for non-transition elements, Al ,Zn, Sn, Ca, Si, Sr and Sb from [25] and  for transition 
solutes, Y, Gd, Nd and Ce from[134]. 
c
 References: [11, 35, 74, 81, 83, 84, 148, 149]. 
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Figure  6-11. Temperature vs Solid solubility for selected solutes (data replotted from ASM phase 
diagrams # 979988, 103456, 979989, 980984, 100220 and 101029) except for Ag [147]. The 
diamonds at the top end of each line indicate the solution heat treatment temperature used in the 
experiments of the companion paper [29] except for Zn, from which it indicates the terminal 
solubility (see also footnote 16). 
 
Considering that the two terms of Eq. 3 vary in opposing directions (i.e., for large ∆H the maximum 
solubility c becomes negligible, and vice-versa), the Pareto plot [150] of Fig. 12 enables ranking the 
solutes based on the combined tendency of both parameters.  
Being closest to the origin Y and Gd appear as the most effective solutes, followed by Sn, Zn, Ag 
and Nd, in that order. Al represents a solute with very high solubility but very small ∆H2 hence its 
low strengthening effect. Towards the high ∆H2 end the low terminal solubilities of Sr, Ca, Si, Ce, 
and particularly Sb determine an equally low strengthening potential. Any other solute sitting in the 
North-South sectors of Fig. 6-8 thus can be expected to fit in between the Mg-Al or the Mg-Sb 
bounds, with its overall contribution modulated by its solubility at the operating temperature 
(~473K (200°C)). The combination of high ∆H2 and relatively high solubility of Y thus accounts for 
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its high ranking, followed by Gd. Nd and Ag appear16 better than they would, should the actual 
solubility at 473K (200°C) be considered. The higher solubility for Nd (0.8at.%) assumed in Table 
2 and Figs. 12-13 approximates the supersaturated solid solution of the α-Mg grains in a HPDC 
alloy [88, 112].  
 
 
Figure  6-12. A Pareto plot created based on Eq. 3 (note the decreasing order of the scales). The 
dashed lines represent constant τSRO. The strength of the expected SRO, increases towards the 
origin of the plot. The solid line (or Pareto front) identifies the solutes (or non-dominated solutions 
[150]) that maximise SRO by either one of the two parameters of Eq. 3. The solutes closer to the 
origin, Y and Gd, appear as optimal solutions. The arrows point to the locii of Nd and Ag 
corresponding to their room temperature solid solubilities (cf. footnote 16).  
 
In Fig. 6-13 the Pareto plot of Fig. 6-12 was overlapped to a graph of minimum creep rates of 
binary and multicomponent commercial alloys containing RE [12, 76] using a common 
                                                          
16
 The lack of reliable solid solubility data at the temperatures of interest (~473K, (200oC)) is an important issue 
affecting this analysis, as exemplified by Ag: whereas the ASM phase diagram (#101007) indicates negligible solubility, 
Refs.[147]  and [13] indicate 0.2 and 0.35at.% respectively. 
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concentration scale. The close agreement between the Pareto plot’s predictions and the 
experimental data concerning both the binary and multicomponent alloys strongly supports the 
assumptions behind the present analysis.  Experiments in the companion paper involving binary 
alloys with the concentrations of Table 1 (bold solutes) further confirm the predictions.  
 
Figure  6-13. The Pareto plot of Fig. 6-12 superimposed to minimum creep rate data for a range of 
binary and commercial alloys from [1, 12, 76, 151]. The Y-axes scales are in arbitrary relationship 
with each other. The circles are measured on the left hand y-axis, the diamonds and triangles on the 
right hand y-axis). Compositions: QE22 (0.35Nd-0.46Ag); WE43 (assumed):1.16Y-0.57Nd-0.14Zr.  
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6.8 Alloy Selection and Design 
The sorting of solutes as per the Miedema scheme suggest the following possible strategies, 
depending on whether the alloy is meant for HPDC applications or is amenable of solid 
solution/aging heat treatment. 
6.8.1 High Pressure Die Castings 
In HPDC Mg alloys, segregation during solidification leaves the core of the grains largely denuded 
of solute whereas it leads to the formation of a percolating eutectic network [76, 112, 152, 153]. As 
already mentioned, Zhang et al. [112, 152] proposed a microstructure combining a eutectic forming 
solute with one providing efficient solid solution hardening even at the low concentrations feasible 
for most HPDC alloys. A working example was shown through a ternary Mg-La-Nd alloy in which 
(supersaturated) solid solution strengthening by Nd through SRO and eutectic reinforcement 
through La added their strengthening contributions in a linear fashion [112, 113, 152]. Experiments 
by Gavras et al. and Nie et al. showed that replacing Gd and/or Y by Nd further improved the creep 
resistant of these alloys despite decreased precipitation [13, 154]. Thus, it seems safe to assert that 
solutes such as Y and Gd, which combine a measurable solid solubility at high temperature with a 
strong tendency to develop SRO in the terms of Fig. 6-12, are a straightforward way of 
strengthening the core of the α-Mg grains on top of any reinforcement by intergranular eutectics. 
6.8.2 Heat treatable alloys 
As for HPDC alloys, solid solution hardening through SRO via Y and Gd is an obvious choice. 
Working examples for binary and ternary combinations are those presented by [1, 12, 32]. 
Alternatively, solutes with positive enthalpy of mixing, i.e., sitting in the East/West sectors of Fig. 
6-8 such as Th, Mn and Sc can be expected to mimic the behaviour of Al-Zn alloys upon ageing. Of 
these, Mg-Th is the best available example due its thermally stable, internally ordered precipitates. 
Manganese appears as the next suitable candidate, although classic experiments [14, 155] showed 
that precipitates in Mg-Mn alloys are only soft pure Mn. Turning the Mn precipitates into internally 
ordered, stronger and thermally stable precipitates, while preserving coherency at the interfaces is 
an attractive option. Mordike and Smola anticipated this approach with good success [12] in their 
experimental Mg-Sc-Mn alloys. Subsequent experiments led to Mg-Gd-Sc-Mn [12] and Mg-Y-Sc-
Mn [156] alloys with creep strength superior to that of WE43, suggesting that the ordered Mn2Sc 
precipitates added their strengthening effects to the SRO introduced by either Y or Gd in the α-Mg 
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matrix as for the HPDC case. The Mg-Sc system appears equally promising, but dedicated 
experiments [12, 156] showed that the binary alloys were very hard to cast and the results were 
inconclusive. 
Wolverton et al. [54, 131, 157] showed that while the Al-Cu system is expected to develop SRO, 
hence, in principle it should not exhibit the strong age hardening it does, the formation of a coherent 
metastable Al3Cu phase rather than the equilibrium Al2Cu phase leads to its remarkable 
precipitation hardening. SRO parameters for fully ordered Al-2%Cu alloy calculated by Müller et 
al. [129] show negative values except for the first two real-space shells, consistent with those of the 
fully ordered Al3Cu  coherent ground state. That is, against expectations due to its negative energy 
of mixing, clustering occurs on a fine scale through an unexpected precursor phase which leads to 
coherent precipitation and efficient age hardening, on a comparable scale to Al-Zn. Along this line, 
and with the implicit or explicit intention of creating fine precursor phases, solutes from either the 
East/West or North/South sectors of Fig. 6-8 have been tried in the literature as trace elements. 
Mendis et al. and Gibson et al. [55, 76] showed that traces of Na improve the age hardening 
response Mg-Sn through to the formation of clusters of Na which act as precursors to finely 
distributed Mg2Sn precipitates. The increased age hardening response of Mg-Zn through trace 
additions of Co has been ascribed to the higher solution treatment temperature used, hence to the 
higher concentration of quenched-in vacancies [158]. However, and similarly to Na, Co should be 
expected to introduce clustering, thus accounting for the enhanced precipitation behaviour without 
the need to appeal to an increased vacancy concentration mechanism likely to lead to coarser rather 
than finer precipitation [64].  
The use of trace additions with negative energy of mixing, e,g., Ag, Cu, Si, Sb, Ca, have already 
been mentioned. Successful examples of this approach are Ag, Ca [143] and Cu [73] which have 
been shown to improve the age hardening response of Mg-Zn, or Ag added to Mg-Gd [159] and 
Mg-Y [160].  
Recent work by Wolverton et al. [161] shows that first principles calculations can be used to 
advantage in order to understand the thermodynamic and elastic properties of metastable 
precipitation in Mg-RE alloys. 
By and large, the present analysis shows that a rational approach to alloys selection and design is 
possible, stemming from the binary phase diagrams of Mg-solid solutions, and based on the 
sorting/ranking of solutes by their expected tendency to develop either clustering or order at the 
short range atomic scale. The thermodynamics-based approach naturally accounts for most of the 
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observed ageing or creep behaviors in current multicomponent Mg alloys, while dismissing many 
unsupported or contradictory micromechanisms often assumed active. The data from the literature 
strongly supports the main hypotheses of the present approach. Further supporting evidence 
involving dilute binary alloys for a range of representative solutes is presented in the companion 
paper [29].  
6.9 Conclusions: 
• The Miedema’s phenomenological scheme was used to sort out and rank potential 
solutes based on their respective tendency to developing either clustering or SRO 
when present in dilute concentrations. 
 
• The relative tendency to developing SRO or otherwise of the main solutes rationalises 
many of the observed behaviours of multicomponent alloys, including the wide 
difference in solid solution hardening, weak for Al-, and strong for Zn-, Y- and Gd-
containing alloys while dismissing a number of micromechanisms which lack 
structural support, such as solute dragging, dynamic precipitation and atomic size 
controlled diffusivity.  
 
• Two main strategies for the selection and design of high strength, creep resistant Mg 
alloys are suggested, exemplified by experiments from the literature.  
 
• For HPDC alloys, the use of solutes with significant solubility yet strong tendency to 
develop SRO, such as Y or Gd, should be used to reinforce the core of the solute 
depleted α-Mg grains. On top, the strengthening resulting from a high volume fraction 
of percolating, high melting point eutectic microstructure formed by low-solubility, 
eutectic forming solutes, such as Ce or La should be added.  
 
• For heat treatable cast alloys, aside from strengthening trough SRO on its own, e.g, as 
in Mg-Y or Mg-Gd binary alloys, one option is through a parallel with the Al-Zn alloy 
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system in order to reproduce the Mg-Th alloys. One example is the Mg-Mn-Sc 
system, in which traces of Sc introduce order and harden the fine pure Mn precipitates. 
The combined (efficient ageing + SRO) approach is exemplified by Mg-RE-Sc-Mn 
experimental alloys. Traces of Na and Co also serve to induce homogeneously 
nucleated clusters that refine subsequent precipitation in other alloys systems. 
Alternatively, and inspired in the Al-Cu alloys system, ternary trace additions which in 
principle should not do so might also introduce a precursor phase to refine the 
subsequent precipitation in existing alloy systems. Trace additions of Ag, Ca, Cu, etc. 
already proved their worth along this line. 
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Appendix  
The Miedema scheme for R ≠ 0  
In alloys of a transition metal (d-electron-type) and one of the polyvalent non-transition (p-electron-
type) metals, the solutes can be sorted out in the same way as non-transition elements. However, in 
this case the lines which separate the positive enthalpy of mixing regions from negative ones are not 
straight through the origin, but take a hyperbolic shape because of an additional, negative term, R. 
This term indicates that a large negative energy stemming from hybridisation between the valence d 
and p electrons contributes to the heat of formation. Using equation 2, Fig. A-1 was created for 
different R values according to the solutes, listed in Table A-1. 
Table A-1: R-values for different elements [26]. In alloys of a transition metal and non-transition 
metal R (or indeed R/P in units of eV2) is obtained by multiplying the values of R corresponding to 
each elements and to the solid or liquid state. 
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Fig. A-1. The Miedema Scheme for Mg alloys, for different R values (given as R/P ratios) in Eq. 2. 
Coordinates data from [26]. R=0 corresponds to Fig. 8.  
Replacing the diagonal lines of Fig. 8 by the lines for different R/P values shits a few elements 
borderline elements, e.g. Th and Sc, from the East sector to the North-South. In those cases 
examination of the phase diagrams determines to which sector the element actually belongs. Thus, 
Th and Sc, both with a single eutectic phase diagram, belong to the West-East sector, consistently 
with assuming R=0 for Fig. 6-8. 
 The Mg-Ni phase diagram, with two eutectics, belongs in the North sector, which is correct as per 
the R/P = 0.4 line. On the other hand, B, with a single-eutectic phase diagram is expected to sit on 
the West sector while it appears on the North sector.  
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Abstract  
Monotonic compression and stress relaxation tests were carried out on specimens of 6 cast binary 
alloys with (at.%) 2.5 Al, 0.6 Sn, 2.2 Zn, 0.9 Nd, 0.8 Gd and 1.3 Y, and of a similarly cast AZ91D 
alloy for reference. The solute concentration of the binary alloys was kept deliberately low to limit 
precipitation hardening effects during the testing, done in the solution heat-treated and quenched 
condition. Compression testing was carried out at 298K (25°C), 373K (100°C) and 453K (180°C) 
for all of the alloys and at 493K (220°C) and 523K (250°C) for the Nd-, Gd-, and Y- containing 
ones. Stress relaxation was done at 453K (180°C) at either a predetermined strain (0.05) or stress 
(150 MPa). The Mg-Al and the AZ91 alloys softened considerably above 373K (100°C). The rest of 
the alloys exhibited extended linear strain hardening in compression and reduced relaxation, in the 
order Sn, Zn, Nd, Gd and Y, an indication of a progressively stable dislocation substructure, hence 
of an increasingly extended athermal regime in the strength-temperature relationship. The overall 
behaviour, which matched those of commercial alloys involving the same solutes, can be accounted 
for through the respective solutes’ tendency to develop short range order, lowest for the near-
random solid solution introduced by Al, and highest for Gd and Y, in agreement with what the 
respective phase diagrams suggest. The implications for creep resistant alloy selection and design 
are discussed. 
Keywords: Athermal Regime, Linear Hardening, Stress Relaxation, Short Range Order 
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7.1 Introduction 
The importance of solid solution hardening to the creep strength of Mg alloys has often been 
stressed in the literature [1-10]. This assertion, however, calls for some qualification considering 
that AZ91, the commercial alloy with the highest solid solubility of its main solute, is also a 
textbook example of poor creep performance, even in the solution-heat-treated state in which as 
much as ~9 at.% of Al is in solution at the start of the test. That is, solid solution effects on the 
creep behavior of Mg alloys are rather related to the nature of the solute itself than to just its mere 
presence. Obvious as the preceding conclusion may seem, its practical value for cast alloys is made 
evident next.  
In high-pressure die cast (HPDC) Mg alloys pronounced coring leaves the center of the α-Mg grains 
largely denuded of solute [10, 11]. Solute profiles of HPDC Mg-Al alloys created using the Scheil-
Gulliver equation (e.g., Fig. 2-a of [12]) or obtained through microprobe profiles (Fig. 4 of [1]), 
show that even for a solute like Al with very high terminal solubility, the core of the grains retains 
only a minute fraction in solution. Thus, unless heat treated, the core of the α-Mg grains is little 
more than pure Mg, constituting an inherent weakest link in the alloy’s microstructure. It follows 
that the relative efficiency of the solid solution strengthening at dilute (~1at.%) concentrations is 
crucial when it comes to optimizing the microstructural design of all cast (i.e., not heat treated) Mg 
alloys, and particularly so in HPDC alloys.  
A relevant case study concerning HPDC binary Mg-La and Mg-Nd alloys was recently described by 
Zhang et al. [13, 14]. FIB sectioning was used to show that the segregation of solute towards the 
grain boundaries during solidification results in the formation of a percolating 3D eutectic 
microstructure. For the La-containing alloy the terminal solubility is very limited and the eutectic 
represented as much as 30% by volume of the alloy’s microstructure whereas the remaining 70% 
was nearly pure Mg. Comparison with reference alloys showed that the percolating eutectic 
contributed ~40 MPa to the alloy’s total strength. In contradistinction, the higher terminal solubility 
of Nd led to virtually no intergranular eutectic in the Mg-Nd alloy, with ~30 MPa of the alloy’s 
strength accounted for by the supersaturated solid solution. Zhang et al. concluded that an optimal 
design of the microstructure should therefore include a eutectic forming solute as well as one able to 
provide efficient solid solution hardening to the alpha-Mg matrix at the low concentrations feasible 
for most RE-solutes. A working example was shown through a ternary Mg-La-Nd alloy in which 
both solid solution and eutectic reinforcement added their strengthening contributions in a linear 
fashion[13]. It is implicit in these assertions that both the percolating eutectic microstructure and the 
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solid solution hardening of the alpha-Mg grains’ core must be effective, i.e., stable, at high 
temperatures if they are to make the alloys creep resistant.  
With the ultimate goal of designing creep resistant HPDC Mg alloys, a close examination of the 
high temperature strength of dilute binary alloys seems then to be a necessary first step. In the 
companion paper [15] it is argued that solutes with a strong tendency to develop short range order 
(SRO)should be sought after, since, for given concentration, they should extend the alloy’s athermal 
regime well above what can be expected for similar concentrations of solutes leading to random 
solid solutions, such as Al. Potential solutes were ranked as per their potential strengthening effects 
by combining their tendency to develop SRO with their solubility at the testing temperature. Such a 
ranking for a range of selected solutes can be seen in the Pareto plots of Figs. 12 and 13 of the 
companion paper, and which suggest, in decreasing order of expected strength of SRO, hence of 
potential contribution to the creep strength of a solid solution, the following sequence: 
Y, Gd > Nd, Zn, Ag, Sn > Al >Sb, Sr   (1) 
In this work the strength and stress relaxation behavior of six representative dilute binary alloys, 
namely, alloys with Y, Gd, Nd, Zn, Sn and Al, was assessed to verify the extent to which Eq. 1 
represented reality at the temperatures at which Mg alloys are expected to be useful (453-523K 
(180-250°C)). The concentrations used for the study were set at, or slightly above, the respective 
solute solubilities at ~ 473K (200°C) so as to limit precipitation during the testing while 
representing the solute-depleted core of the grains of HPDC alloys [12]. Specimens of AZ91D alloy 
were included in the study to provide a straightforward comparison with existing data in the 
literature. Preliminary results of this study were presented in [16, 17]. 
 
7.2 Experimental Details 
Melting was done in a steel crucible coated with boron nitride loaded with predetermined 
proportions of commercially pure Mg, Zn, Al, Sn, Nd, Y and a Mg-Gd master alloy (2:3 Gd:Mg) 
using an electric furnace. SF6+CO2 was used as protective atmosphere. The liquid alloys were 
stirred mechanically for ~20 minutes to ensure the dissolution of the solute and subsequently poured 
at 1008-1023K (735-750°C) under an argon atmosphere into 80 x 80 x 10 mm3 steel moulds 
preheated to 573K (300°C). Commercial AZ91D alloy was similarly cast. The cast plates were 
solution heat treated under Ar atmosphere as per the times and temperatures given in Table 1, and 
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quenched into water. Samples for grain size measurement were polished following standard 
procedures and etched using an acetic–picric acid mixture [20 ml acetic acid, 3 g picric acid, 20 ml 
H2O and 50 ml Ethanol] for Mg-Zn and Nital [5% nitric acid and 95% ethanol] for the rest of the 
alloys. The linear intercept method in accordance with ASTM E112-88 was used to determine the 
grain size, counting not fewer than 200 boundaries (see Table 7-1). The nominal and actual 
compositions are also listed in Table 1. 
Testing was carried out using cylindrical specimens, 18 mm in height and 9 mm in diameter, on a 
screw-driven machine at 298K (25°C), 373K (100°C) and 453K (180°C) in a temperature 
controlled chamber. All of the alloys were tested in the solid solution heat treated and quenched 
condition.The more creep resistant solid solutions, namely, those with the three RE solutes (Y, Gd 
and Nd) were also tested at 493K (220°C) and 523K (250°C). The crosshead speed for compression 
testing was 0.016 mm/min (initial strain rate = 1.5x10-5s-1). All tests were repeated at least once. 
Stress relaxation tests were performed at 453K (180°C). The specimens were deformed at an 
applied crosshead speed of 0.2 mm/min (initial strain rate = 1.85x10-4 s-1) up to a predetermined 
strain and stress, and the machine stopped allowing the stress to relax for 1800s (30 min) for the 
less creep resistant alloys (Al, Zn and AZ91) or 3600s (60 min) for the rest.  
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Table  7-1 Chemical composition of the binary alloys studied determined by inductively coupled 
plasma atomic emission spectroscopy (ICP-AES), (AZ91 the nominal composition is quoted) and 
the respective grain sizes and solution heat treatment (time and temperature) schedules. 
Alloy      
(at.%) 
Solute 
(at.%) 
c @ 473K 
(200°C)a 
Grain size 
(µm) 
Time(
h) 
Temperature  
K (°C) 
Mg-1.5%Zn 2.2 1.5 123 4 653 (380) 
Mg-2.5%Al 2.5 2.5 129 10 686 (413) 
Mg-1%Gd 0.8 1.0 119 4 808 (535) 
Mg-1.5%Y 1.3 1.5 108 2 813 (540) 
Mg-1%Nd 0.9 0.8 120 6 813(540) 
Mg-0.6%Sn 0.63 0.5 130 8 723 (450) 
AZ91 
(nominal) 
8Al-
0.4Zn 
- 130 20 686 (413) 
a
 the c-values were bound by the solid solubilities at either ~ 473K (200oC) as per Fig. 11 in the 
companion paper[15] , or the solid solution heat treatment temperature (Nd), or by a maximum of 
2.5 at.% (Al). 
 
7.3 Results 
Compression curves of the alloys of Table 7-1 are shown in Figs. 7-1(a-c). Figure 7-2 compares the 
respective strengths at strains of 0.005 and 0.05 (identified by vertical lines in Fig. 7-1). Figure 7-3 
shows the alloys’ stress relaxation behaviour. 
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(a)                                                                                (b) 
 
                                       (c) 
Figure  7-1. The compressive flow behaviour of the alloys studied, at (a): 298K (25°C); (b): 453K 
(180°C); (c): 493K (220°C) and 523K (250°C). The vertical lines identify the 0.005 and 0.05 
strains used for creating Figs. 7-2(a) and (b). 
 
At room temperature (Fig. 7-1a), a linear hardening stage of comparable slope was observed in the 
flow curve of all of the alloys between yield and ~10 % strain. At 453K (180°C), Mg-Al exhibited 
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the largest loss of strength (Figs. 7-1b and 7-2b), or the fastest relaxation (Fig. 7-3), followed by 
Mg-Sn, Mg-Zn and AZ91D. The loss of strength was limited for Gd as the testing temperature 
increased, whereas a small gain was observed for both Y and Nd containing alloys (Fig. 7-2). The 
linear strain hardening regime was observed at 493K (220°C) for Nd, whereas at 523K (250°C) 
only the Gd- and Y-containing alloys (Fig. 7-1c) exhibited it.  
 
     
(a)                                                                          (b) 
Figure  7-2. The flow stress of the alloys of Table 1 as a function of the test temperature, for applied 
compressive strains (the vertical lines in Figures 7-1) of (a) 0.005 and (b) 0.05.  
 
Figure 7-2a identifies an athermal regime up to about 373K (100°C) for AZ91, Mg-Sn and Mg-Zn, 
and up to 493K (250°C) for the rest of the alloys at low stress and strain. At higher stress and strain 
(Fig. 7-2b) the athermal regime was virtually non-existing in the weaker alloys (Al, Sn and Zn), 
whereas it extended to over 473K (220°C) for the RE’s, making the differentiation between the two 
groups of alloys much more explicit. The stress relaxation behaviour (Fig. 7-3) was generally 
consistent with the monotonic strength data of Fig. 7-2, i.e., Al-, Sn- and Zn-containing alloys as 
well as AZ91 exhibited pronounced stress relaxation, whereas the RE’s did it on a much limited 
scale despite the very high applied stresses applied (>150 MPa for Y, Gd and >200 MPa for Nd). In 
the iso-stress test (Fig. 7-3b) the difference in behaviour between the RE’s specimens and that of 
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the AZ91 is again much more evident (the Al, Sn and Zn specimens did not reach the required flow 
stress of 150 MPa to be included in Fig. 7-3b.). 
 
  
                                         (a)                                                                          (b) 
Figure  7-3. Stress relaxation curves at 453K (180°C) at an applied (a) strain of 5%, (b) stress of 
150 MPa for the alloys of Table 7-1.  
 
7.4 Discussion 
The difference in behaviour between the two sets solutes, i.e., Al, Sn and Zn versus Nd, Gd and Y, 
evidence the difference in intensity of dynamic recovery within the respective dislocation 
substructures, greater in the weaker alloys [18, 19]. The linear strain hardening regime exhibited by 
the deformation curves in Fig. 7-1, when present, is consistent with an athermal forest mechanism 
stemming from a stable dislocation substructure [7, 18-20]. This is the case up to ~273K (100°C) 
for the weakest alloys (Al), up to 493K (220°C) for Nd (Fig. 7-2c) and up to 523K (250°C) for the 
Y and Gd containing alloys.  
The linear hardening stage in the flow curves, and the extended athermal behaviour observed in 
Figs. 7-2 and 7-3 for the RE’s are both closely consistent with an increasingly stronger SRO, which 
imposes an additional activation energy to the relevant dynamic recovery reactions, as predicted by 
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Eq. 1. A strong SRO makes these alloys to behave as if they were tested at a lower temperature [21] 
hence a more difficult prismatic slip, affecting cross slip of screw dislocations, and a slower 
diffusion rate, hence a slower climbing of edge components can be expected [22] as discussed in 
more details in chapter 6. 
The increase in strength during testing at high temperature made evident by Figs. 7-1 and 7-2 for 
the Y- and Nd-containing alloys is an indication of an additional strengthening mechanism, which is 
normally ascribed to either dynamic precipitation or strain induced precipitation [2, 7, 23, 24]. 
However, Fig. 7-1c shows that despite its higher yield strength at 523K (250°C), the linear strain 
hardening stage of the Mg-Nd alloy virtually disappeared, in contrast with Mg-Y and Mg-Gd, for 
which it still prevails. Precipitates can only act efficiently in pinning dislocations if the whole of the 
dislocation substructure is stable at the working temperature, since otherwise the long range stresses 
which determine the material’s flow stress will decrease over time. The behaviour of Mg-Nd, which 
loses the ability to strain harden linearly at 523K (250°C) despite its high yield strength is an 
example of this situation: although the dislocations are hard to move at yield, the freshly generated 
dislocation substructure of the deformed alloy is generally unstable, hence strain hardening is 
negligible and the overall strength collapses. The overall behaviour of the Mg-Nd alloy appears 
consistent with the weaker SRO predicted by Eq. 1 for Nd (due to its lower solubility at high 
temperature) in comparison with Y and Gd, which, as Fig. 7-1c shows, retain the ability to strain 
harden linearly (i.e., athermally) at 523K (250°C). A related example is discussed below in relation 
to alloy AE42. Consistently with these conclusions, Maruyama et al.[7] pointed out that secondary 
(non-basal) slip predominates in Mg-Y solid solutions tested at 500K (277oC), accounting for the 
alloy’s strain hardening. 
Figure 7-4 compares the compression behaviour of the present dilute solid solutions with several 
commercial alloys from the literature (tested at comparable strain rate (1.33×10-4 s-1)). The strengths 
of the present binary RE solid solutions, with only ~ 1at.%, closely match those of the Ag-RE- 
(QE22) and Al-RE- containing (AE42) alloys, and are higher than that of Al-Si (S21) alloy, 
providing support to the present SRO-based hypothesis that the strength and the strain hardening 
behaviour of the alloys is determined by the relatively small amount of solute in solution.  
In connection with the loss of the linear strain hardening of Mg-Nd at the higher emperatures 
mentioned above, the opposite effect can be seen in Fig. 7-4: the addition of  RE results in the 
recovery of the linear hardening stage in AE42 in comparison with AZ91, an indication of increased 
thermal stability of the dislocation substructure in the former. 
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Figure  7-4. Compression behaviour of squeeze-cast alloys AZ91, AS21, QE22 and AE42 (solid 
lines) replotted from [25] and selected solid solutions from the present work (dashed lines). 
 
Following the analysis of Ref. [26], the alloys of the present study have been ranked based on the 
strength of the respective SRO as: 
τSRO ~ [∆H*c(1-c)]2   ,                                           (2) 
where ∆H is the enthalpy of formation of the solid solution and c is the solute concentration listed 
in Table 7-1. The calculated data, which reproduces the ranking of Eq. 1, have been plotted in Fig. 
7-5 as a function of ∆H to make evident that the most effective solutes, i.e., Y and Gd, are those that 
combine a high ∆H with high solubility at the test temperature. Figure 7-5 includes also the stress 
relaxation data of Fig. 7-3, expressed as the reciprocal of the stress drop for each alloy. The 
experimental data closely conforms to the predicted behaviour, locating Y at the top and Al at the 
bottom, i.e., consistently with the high SRO strength of the former and the near-random solid 
solution hardening of the latter. Again, the agreement between the calculated and experimental data 
are all the more remarkable considering that the concentrations of the alloys studied are all in the 
order of 1at.%.  
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In the introduction the speculation by Zhang et al. [13, 14] on the need to ensure that the solid 
solution component is stable at the testing temperature was mentioned. Experiments by Gavras et 
al.[24] show that Mg-La-Y and Mg-La-Gd are indeed much more creep resistant than the Mg-La-
Nd alloy, in close consistency with Fig. 7-5, which rates Y and Gd well above Nd. The overall 
predictions of Fig. 7-5 also match the creep results obtained by Maruyama et al.[7] concerning Mg-
Y being much better than Mg-Al already mentioned.  
By and large, the data from either the present experiments or the open literature support the 
assertions that, on the one hand, the creep resistance of cast Mg alloys is ultimately determined by 
the strength of their weakest link represented by solute depleted core of the α-Mg grains. On the 
other, solutes with measurable solubility at the testing temperature and a strong tendency to develop 
SRO, such as Gd and Y, appear as the most suitable candidates for increasing the creep strength of 
cast Mg alloys.   
 
 
Figure  7-5.The predicted strength of SRO (solid circles) according to Eq.2 and stress relaxation 
data from Fig. 7-2a (diamonds). Ag and Sb are included for completeness, assuming a 
concentration of 0.5at.% for Ag and 0.05at.% for Sb (see Table1 in the companion paper). The 
solid line is arbitrary. Likewise, the respective scales of the left and right hand side Y-axes were 
adjusted for the data to fit within comparable spans.  
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7.5 Conclusions 
• Specimens of six dilute binary Mg-based solid solutions containing (at.%)  2.5Al, 2.2Zn, 
0.6Sn, 0.8Gd, 0.9Nd and 1.3Y and of AZ91D alloy were tested in compression at 298K 
(25°C), 373K (100°C) and 453K (180°C) and stress relaxation at 453K (180°C) at a preset 
strain or stress, in order to determine the extent of the alloys’ athermal regimes. 
• The athermal behaviour extended only to about 373K (100°C) for the Mg-2.5Al and AZ91 
alloys, consistently with the random solid solution hardening introduced by Al.  
 
• The RE containing alloys exhibited an extended athermal regime, up to 493K (220°C) for 
Nd and past 523K (250°C) for Y and Gd. Zn and Sn exhibited an intermediate behavior 
between the RE and Al. 
 
• The compression and relaxation behaviour of the alloys ranked the solutes in decreasing 
order of strength efficiency as: Y  Gd  Nd Zn Sn Al. This behaviour closely 
matched the expected behaviour considering the relative tendencies to develop short range 
order combined with each solute’s solubility at ~473K (200°C).  
 
• The high temperature strength of the present binary RE alloys, despite containing only about 
1at.% solute in solution, either matched or surpassed that of typical ternary and quaternary 
commercial alloys (AS21, QE22, AE42), supporting the hypothesis that short range order 
introduced by suitable solutes that remain in solution ultimately determines the high 
temperature strength of current creep resistant cast Mg alloys. 
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Chapter 8 Conclusions 
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This study focused mainly on the structural reasons for poor creep resistance and low age 
hardening response of Mg alloys. Atomic level thermodynamics arguments suggesting that 
extending the athermal regime through short range order (SRO) is a most feasible path to 
increasing the creep strength of Mg alloys were used. Potential solutes were sorted out and 
ranked based on their tendency to developing SRO. The predictions were corroborated by 
experiments involving binary alloys. Specimens of six dilute binary solid solutions, Mg-
2.5Al, Mg-2.2Zn, Mg-0.6Sn, Mg-0.8Gd, Mg-0.9Nd and Mg-1.3Y and of AZ91D alloy were 
tested in compression at 298K (25°C), 373K (100°C) and 453K (180°C) and stress relaxation 
at 453K (180°C) at preset strain and stress, in order to determine the extent of the alloys’ 
athermal regime. The following conclusions were obtained.  
 
• The Miedema et al.’s scheme rationalizes most, if not all, of the observed behavior in 
current multicomponent alloys, ranging from weak-to-strong ageing response and 
from low-to-high creep resistance. The scheme naturally suggests a rational approach 
to solute selection, hence, to alloy design, derived from the relevant binary phase 
diagrams. 
 
• The relative tendency, of most solutes to develop SRO disputes the viability of several 
other micromechanisms often considered, such as pinning of edge dislocations by 
mobile solute clouds, dynamic precipitation of thermally stable precipitates, or atomic 
size effects on the diffusivity of rare-earths solutes. 
 
• It was shown that due to the strongly electropositive nature of Mg, most alloy systems 
can be expected to develop short range order (SRO), on the one hand curtailing the 
nucleation of finely dispersed coherent precipitation, hence preventing a strong 
response to artificial ageing whereas on the other time potentially increasing the creep 
strength.  
 
• The ranking of the strengthening by SRO is: Y  Gd  Nd  Zn Sn Al. Rare 
earths appeared as the strongest candidates, particularly Y, Gd and Nd, consistently 
with the high melting point of the intermetallics they form with the host, and in close 
agreement with the alloys’ creep behavior reported in the literature.  
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• The creep strength of the present binary alloys, despite containing only about 1at.% 
RE, closely matches the strength of commercial ternary alloys (AS21, QE22, AE42) 
indicating that SRO is indeed the dominant strengthening mechanism in current creep 
resistant Mg alloys. 
 
Alloy Selection and Design 
 
Three strategies for selection and design likely to lead to high strength alloys were suggested. 
 
• The first one points to the need to incorporate solutes such as Y, with significant 
solubility yet strong tendency to develop SRO, to reinforce the core of the grains in 
HPDC alloys. On top of this basic solid solution strength, other strengthening 
mechanisms can be added, such as those resulting from a percolating eutectic 
microstructure. 
 
• The second strategy, derived from the Al-Cu alloys system, consists in inducing 
homogeneous precipitation through a ternary addition that naturally tends to cluster, 
hence provide a homogeneously nucleated precursor phase that would lead to 
subsequent coherent or at least fine incoherent precipitation (e.g., adding Na to Mg-Sn 
or Mg-Sb).  
 
• The third path, inspired in the Mg-Th system, starts with a suitable (although 
inherently weak) alloy such as Mg-Mn, but requires a ternary addition (e.g. Sc) to 
create order in the pre-existing coherent precipitates. 
 
